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Introduction
For a long period of time the human development was determined by an metal-
lic alloy that they were able to melt and cast [1]. Despite the big variety of
the production routes invented nowadays, the solidification is still involved
in the majority of man-made products. On industrial demand the design
concepts for the novel materials need to fulfil quite high requirements. Very
promising candidates for a wide range of potential applications are inter-
metallics – ordered chemical compounds of two or more metallic elements.
Among the others of current importance are the intermetallic Ti-Al and Al-
Ni alloy systems investigated within the European integrated project IM-
PRESS (Intermetallic Materials Processing in Relation to Earth and Space
Solidification) [2].
After several decades of research and development of titanium aluminides,
the intermetallic γ-TiAl based alloys are considered as the most promis-
ing candidates for aero-engine and automotive components [3], mainly due
to their potential of significant weight savings (ρ = 3.9 – 4.2 g cm−3).
Cast alloys with 42–46 at.% Al, which solidify via the disordered body-
centered cubic β(Ti) phase, exhibit an isotropic, equiaxed and texture-free
microstructure with modest microsegregation, beneficial over the peritectic
alloys, where solidification involves the hexagonal α(Ti) phase. By stabil-
ising the β(Ti) phase through alloying with Nb, Ta, Mo or other elements,
an improvement of the thermal and mechanical properties can be achieved.
In particular addition of 5–10 at.% Nb reduces the stacking fault energy,
retards diffusion processes and modifies the structure of the oxidation layer.
Despite remarkable progress, additional efforts are required for the in-
dustrial manufacture of these materials. Further development of concepts
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for the alloy compositions and processing requires the knowledge about the
transformation pathways and the microsegregation that develops due to el-
ement partitioning. In this regard the thermodynamic calculations are rou-
tinely used. However, unlike many multi-component alloy systems, such
as Ni-base superalloys, steels, etc., for which the dedicated and compre-
hensive thermodynamic databases are available today, the development of
the database for titanium aluminides is less advanced. Existing CALPHAD
descriptions of the Ti-Al-Nb system poorly describe the transition temper-
atures and phase fractions in high Nb bearing γ-TiAl based alloys reported
in the literature [4, 5]. In order to improve the thermodynamic description,
additional experimental data on phase equilibria and thermodynamic prop-
erties are required. Currently, the most uncertain data are those for the
equilibrium which involves the liquid phase, i.e. liquidus and solidus tem-
peratures, fields of primary solidification, invariant reactions etc. This is a
direct result of the reactivity of titanium alloys, which crucially affect the
phase equilibria at elevated temperatures, coupled with relative complexity
of phase transformations in the system.
The intermetallic Al-Ni alloys have no less of the history, being in use
for catalytic applications since the 1920th [6]. The so-called Raney-nickel in-
termetallic catalysts benefit from their high surface area of activated nickel
which is produced by selective leaching of the aluminium atoms from the
Al-Ni alloy. The conventional cast-and-crush production of the precursor
material suffers from the coarse microstructure that does not always lead
to effective leaching, as well as the lack of reproducibility and poor rheo-
logical behaviour caused by the angular shape of the resulting powder. An
alternative, gas atomisation route developed within the IMPRESS project
produces rapidly solidified spherical powders of very fine morphology with
considerably enhanced catalytic properties. The gas atomized Al-Ni pow-
ders are very good candidate catalysts for use in hydrogenation reactions in
the chemical industry and can be sintered to produce fuel cell electrodes with
the purpose of replacing expensive noble metals. However, to understand
the relationship between the powder processing conditions, the resultant mi-
crostructure and its subsequent catalytic properties fundamental studies are
required, including a detailed investigation of the solidification under non-
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equilibrium conditions. During gas atomisation the melt is disrupted into
small particles which experience deep undercooling prior to solidification,
opening the routes for the metastable phase formation.
To study the above mentioned systems the containerless electromag-
netic levitation [7] technique adapted for in situ structural studies with syn-
chrotron radiation available at the European Synchrotron Radiation Facility
in Grenoble, France, is applied. The electromagnetic levitation technique en-
ables high undercooling levels even at moderate cooling rates (6 100 K s−1)
owing to the avoidance of heterogeneous nucleation on container walls. Com-
bined with contactless temperature measurements along with in situ X-ray
diffraction this technique allows direct observation of the solidification pro-
cesses: quantitative determination of the undercooling and recording tem-
perature profiles supplemented with information about phase evolution.
Within the scope of this work the solidification of the ternary Ti-Al-Nb
and the binary Ni-Al alloy systems is discussed with regard to the possi-
ble metastable phase formation. Furthermore, for the Ti-Al-Nb system the
non-equilibrium effect of solute trapping, anticipated from the studies on bi-
nary Ti-Al system [8, 9], is investigated. A detailed analysis of the dendrite
growth velocity as function of undercooling supplemented with the associ-
ated microstructural transition is described in terms of the sharp interface
model of the free dendrite growth. At the same time, the information on
phase transformations gathered on heating periods of levitation experiments
is found to reflect the equilibrium phase sequence, especially during melting,
where solute diffusion is considerably enhanced. Together with unambiguous
determination of the primary solidification phase, these data provide a valu-
able contribution for the reassessment of the thermodynamic description of
the ternary Ti-Al-Nb system.

Chapter 1
Principles of solidification
1.1 Thermodynamics
In thermodynamics the macroscopic state of the system is defined through
a number of thermodynamic variables, such as temperature T , pressure p,
volume V etc., and their functions – the state variables – such as the internal
energy of the system U(T, V ) its entropy S(T, V ) and enthalpy H(S, p)
etc. When dealing with solidification problems of much importance is the
thermodynamic state variable referred to as the Gibbs free energy :
G = H − TS = (U + pV )− TS. (1.1)
At fixed p and T the Gibbs free energy of a unary system is unambigu-
ously specified and according to the second law of thermodynamics must
be minimum at equilibrium (equivalent to the maximum entropy). For the
system consisting of more than one phase (e.g., solid, liquid, etc.) at me-
chanical and thermal equilibrium the equilibrium would be the phase(s) with
the lowest free energy. A change in any of these thermodynamic variables
results in a change of the free energies of the phases, which may lead to the
change of the equilibrium phase(s). For example at atmospheric pressure
(pa ≈ 105 Pa), with the temperature as the externally imposed constraint,
the equilibrium conditions for a unary system of pure aluminium can be de-
rived from a diagram shown in Figure 1.1. The higher entropy of the liquid,
as more disordered structure, stabilises it at high temperatures. Below an
equilibrium melting/freezing temperature, Tf , where the free energies of the
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Figure 1.1 – The variation of the Gibbs free energy of the solid and liquid
phases of aluminium with temperature at atmospheric pressure.
two phases are equal, the solid fcc phase becomes an equilibrium one. The
free energy difference arising when crossing the Tf (at the superheating or
undercooling defined as ∆T = Tf − T ) provides the driving force for the
phase transformation:
∆Gsl = ∆H−T∆S =
Hf∆T
Tf
−
∫ Tf
T
∆cp(T ) dT +T
∫ Tf
T
∆cp(T )
T
dT, (1.2)
with the entropy of fusion expressed via:
∆Sf = Sl − Ss = Hf/Tf , (1.3)
where Hf is the enthalpy of fusion also referred to as latent heat of fusion,
∆cp is the difference in the specific heat at constant pressure.
In a linear approximation, suggested by Turnbull [10] ∆cp(Tf ) = 0 is
assumed resulting in the free energy difference between the undercooled
liquid and the solid, ∆Gsl, given by
∆Gsl = Hf
∆T
Tf
. (1.4)
Such simplification shows reasonable representation of the experimental data
for pure metals [11] at small undercooling, whereas at high ∆T the increase
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of the specific heat, reported also for some alloys (mainly for the glass-
forming systems, which tend to be undercooled easily), should be taken
into account. The associated temperature dependence of the free energy
difference is found to be adequately described with an expression derived
from the free volume model of the liquid [12, 13]:
∆Gsl = Hf
∆T
Tf
− cp
∆T 2
2T
(
1− ∆T
6T
)
. (1.5)
1.1.1 Phase diagrams
Phase diagrams of unary systems provide a map of the regions of equilibrium
stability in a phase space as a function of p, T . With further extension of the
thermodynamic principles on alloys – the mixtures of two or more compo-
nents, an additional constraint for having several phases in equilibrium will
be the equality of the chemical potentials defined as µi = (∂G/∂ni), where
ni is a number of moles of ith component. The equilibrium phase diagram is
obtained from the common tangent construction rule applied to the Gibbs
free energy curves (surfaces) of the various phases that may be present. In
binary alloy at atmospheric pressure, the Gibbs phase rule shows that three
phases could co-exist at a specific temperature, called an invariant point.
For a ternary alloy system the one more independent variable (the third
component) extents this point into a monovariant line while the number of
co-existing phases at invariant temperature is increased to four.
Among various types of transformations and invariant reactions of most
importance within the scope of the current work is the peritectic reaction
L+β→α, which occurs at the peritectic temperature Tper at the peritectic
composition Cper (see Figure 1.2).
If an additional constraint – the absence of one of the equilibrium phases –
is imposed on a system, the continuity of the free energy functions gives rise
to the metastable phase diagram. In a metastable state, the system does
not have the lowest possible free energy, but it is stable against fluctua-
tions, as any transition path implies an increase in free energy. Accordingly,
the metastable phase can nucleate below its liquidus temperature, which is
lower than that of the stable one. Hence, thermodynamics indicates possible
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Figure 1.2 – Part of the phase diagram of the binary Ti-Al system around
the peritectic L+β→α transformation.
metastable phases (at given undercooling), however, it is unable to predict
which reaction will occur. For this the nucleation and growth mechanisms
should be considered.
1.2 The nucleation threshold
As indicated by the neutron and X-ray diffraction measurements the struc-
ture of the liquid, although disordered over longer distances, has a short
range order over distances of the few atomic radii. Driven by temperature,
high atomic mobility leads to the formation of clusters of a few atoms with
an ordered structure. At T < Tf (Gs < Gl) such clusters will benefit from
the free energy ∆Gsl released through solidification. On the other hand, in
order to accommodate the structural changes on both the solid and liquid,
the atoms at the interface would possess an excess Gibbs free energy. An in-
tegral of this energy over the thickness of the interface, δi, multiplied by the
molar volume, Vm, is defined as the solid-liquid interfacial energy γsl. The
difference of the free energy ∆G of the spherical nucleus of radius r to the
melt is thus composed of an interface term GA and a volume term GV :
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Figure 1.3 – Volume and interface contribution to the total free energy of
a spherical solid cluster of aluminium in the melt undercooled to ∆T = 5 K as
a function of its radius.
∆G = 4πr2γsl −
4
3
πr3 ∆Gsl. (1.6)
As shown in Figure 1.3, ∆G exhibits a maximum as a function of r, which
forms an activation barrier of height ∆G∗ at a critical radius r∗:
∆G∗ =
16π
3
γ3sl
∆G2sl
and r =
2γsl
∆Gsl
=
2Γsl
∆T
, (1.7)
where Γsl is a Gibbs-Thomson coefficient given by
Γsl =
VmTf
Hf
γsl. (1.8)
Any cluster, formed by fluctuations, that exceeds the critical size will become
a nucleus and grow. Since the nucleation threshold depends exclusively on
the thermodynamic properties of the respective material the homogeneous
nucleation is an intrinsic process.
The relationship between the cluster size and the free energy allows an
estimate of the rate at which clusters of a given size will appear. Most nu-
cleation models consider it as a thermally activated process, i.e. the energy
of atoms follows a Maxwell-Boltzmann distribution. Furthermore, Turn-
bull and Fisher [14] represented the liquid and the solid nucleus states by
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a double-well potential with a barrier equal to activation energy for inter-
atomic diffusion in the liquid state. Under such considerations the resulting
nucleation rate strongly depends on the temperature: with increasing un-
dercooling it increases very strongly due to the decrease of the nucleation
energy barrier. However, at low temperatures the Maxwell-Boltzmann dis-
tribution contributes to the decreasing mobility of atoms and causes the
decrease of the nucleation rate.
Despite some uncertainties in parameters required for calculation of the
nucleation rate, its estimation for the homogeneous nucleation resulted in
enormously long times for a nucleation event to be observed at small under-
coolings, which contradicts to those determined in practice. In this regard
the concept of heterogeneous nucleation on the foreign surfaces, i.e. the
mould containing the melt, the oxide skin forming at the free surface of the
melt in contact with ambient atmosphere or an impurity suspended in the
melt, is discussed.
If the interplay between surface energies of solid, liquid and foreign sub-
strate allows for wetting conditions, the presence of a substrate reduces the
number of atoms and thus the nucleation energy barrier ∆G∗ required to
form a critical nucleus, for the same surface energy and critical radius. The
efficiency of different nucleation sites is determined by a geometric factor
which is the function of wetting angle f(θ) given by the ratio of the volumes
of the spherical cap and a full sphere of identical radius
f(θ) =
V
4
3πr
3
=
2− 3 cos θ + cos θ3
4
. (1.9)
This concept predicts more realistic values of undercooling. Naturally, the
nucleation rate in this case depends on the amount and type of foreign
substrates. Due to this extrinsic nature the heterogeneous nucleation can
be influenced by the experimental conditions.
In an alloy system, both the interfacial energy γsl and the solid-liquid
free energy difference ∆Gsl depend on the concentration. The size and
composition, C, of the nucleus is found by looking for the smallest activation
barrier, which will be a saddle point in the three dimensional space given by
r, C, and G. The composition of the nucleus could also be obtained from
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maximisation of the energy difference between the liquid and solid states as
suggested by Thompson and Spaepen [15].
1.2.1 Surface energy of crystalline solid
The Equation 1.7 for the critical radius of the nucleus incorporates the
contribution of curvature to the thermodynamic equilibrium (upward shift of
the Gibbs free energy curve). In general, since the solid phase is crystalline,
its surface energy is anisotropic, and thus to maintain the equilibrium at
the interface (constant undercooling at every point) the curvature will be
adjusted, with a mean curvature that becomes a function of the normal to
the interface. The Gibbs-Thomson reduction of the melting point is then
given by
∆Tr = Tf − T rf =
2Tf
ρsHfr
(
γsl +
d2γsl
dθ2
)
, (1.10)
where θ is the angle between the local surface normal vector and the direction
of maximum surface energy. For the cubic symmetry the surface stiffness in
the numerator is often represented by
γsl +
d2γsl
dθ2
= γ0sl (1− 15 εc cos 4θ) (1.11)
where εc is the strength of the anisotropy of the surface tension at the solid-
liquid interface. For the “weak anisotropy” coefficient εc < 1/15, the surface
stiffness is positive at any θ, while for large values of εc some orientations
would have negative stiffness and thus will not appear.
The dependence of γsl on crystal structure is theoretically treated within
the negentropic model of Spaepen and Thompson [16, 17, 18], where the ex-
cess free energy is found from the configurational entropy associated with the
number of ways that atoms from the liquid can be attached to the solid. The
attachment sites are required to form a liquid structure with polytetrahedral
short-range order that is incompatible with the translational symmetry of
the crystal, which leads to a negative excess entropy and positive interfacial
free energy defined as:
γsl = α
∆SfT
3
√
NAV 2m
(1.12)
where α is the temperature independent dimensionless solid-liquid interfa-
cial energy (also called structure factor or Turnbull coefficient), NA is the
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Avogadro constant, Vm is the molar volume and ∆Sf is defined in Equa-
tion 1.3.
The model predicts αfcc/hcp = 0.85 and αbcc = 0.70 which is comparable
with the experimental data [19]. The more recent results of molecular dy-
namics simulation [20, 21] and the calculations in a framework of the density
functional theory [22] generally underestimate the energies of the solid-liquid
interface, resulting in somewhat lower value of the structure factors. Nev-
ertheless, all models suggest that αfcc > αbcc with a similar relation for the
anisotropy of interfacial energies.
1.3 Solidification
Consider solidification in an adiabatic system (all the heat is dissipated
within the system itself) subjected to the heat extraction at a constant rate.
As time proceeds, the temperature falls linearly in proportion to the heat
extraction rate divided by the specific heat (see Figure 1.4). In the absence
of nucleation, the system becomes undercooled once the temperature falls
below Tf . Eventually the nucleation event sets in at a certain level of ∆T .
After the solidification begins, latent heat is liberated, and the temperature
of the system may actually increase, even though the overall heat content
decreases. This phenomenon is called recalescence. The upper limit of the
temperature reached during recalescence is determined by the total amount
of enthalpy released and the heat capacity of the melt. The hypercooling
limit, where the latent heat released is just sufficient to rise the temperature
to Tf , is defined as
∆Thyp =
Hf
cpl
. (1.13)
The fraction of solid, fs, formed during recalescence can therefore be esti-
mated from
fs =
∆T
∆Thyp
. (1.14)
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Figure 1.4 – The evolution of the enthalpy-temperature dependence of alu-
minium after nucleation at a certain undercooling, ∆T .
1.3.1 Free dendritic growth
With the undercooled liquid serving as a sink for the latent heat of trans-
formation, the negative temperature gradient will be established ahead of
the solid-liquid interface. Moreover, for the alloys, the different solubility of
the solute in solid and liquid phases will cause the concentration gradient
as well. These gradients give rise to an inherent instability of the spheri-
cal morphology of a nucleus with respect to perturbations in shape, leading
to the development of the dendrite morphology – a tree-like form that has
a primary stalk with a tip region growing at a constant speed in a shape
preserving manner and side branches which periodically emerge, grow and
coarsen in time. The latter reflects the underlying crystal symmetry (or
an anisotropy of the surface energy), as well as the direction of heat and
solute flow, respectively.
The quantitative study of the steady-state growth of dendrite tip ap-
proximated by a paraboloid of revolution [23] with fixed curvature radius
r, growing at a constant velocity V began with the transport analysis of
Ivantsov in 1947 [24] and was later generalized by Horvay and Cahn [25].
Again, assuming that all the energy released by solidification diffuses away
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from the isothermal interface via the melt, simultaneous solution of heat and
mass transport equations give the thermal and solutal fields at the dendrite
tip
∆t =
T ∗ − T∞
Hf/cpl
= Pet exp(Pet)E1(Pet) ≡ Iv(Pet), (1.15)
∆c =
Cl − C0
C∗l (1− k0)
= Pec exp(Pec)E1(Pec) ≡ Iv(Pec). (1.16)
with E1(Pe) the first exponential integral function and Iv(Pe) defined as the
Ivantsov function, the flux conditions relate the non-dimentsional thermal
undercooling ∆t and supersaturation ∆c to their respective Péclet numbers
given by
Pet =
V r
2αl
and Pec =
V r
2Dl
(1.17)
where αl is the thermal diffusivity and Dl is the chemical diffusivity of solute
in the liquid and the other parameters defined in Figure 1.5.
The total undercooling ∆T = Tl(c0)−T∞ sustains all gradients that drive
the solidification and can be split into a number of components, namely
∆T = ∆Tr + ∆Tc + ∆Tt (1.18)
=
2Γsl
rtip
−mC0
[
(1− k0)Iv(Pec)
1− (1− k0)Iv(Pec)
]
+
Hf
cpl
Iv(Pet). (1.19)
Equation 1.18 suffers from deficiency of a physical length scale: either the
velocity V (or corresponding thermal and solutal diffusion lengths, αl/V and
Dl/V ) or tip radius r is unknown, requiring an additional condition to define
an operating point. The first contribution accounts for effects of interfacial
capillary which have been recognised in crystal growth dynamics since the
study of morphological stability by Mullins and Sekerka [26]. Langer and
Müller-Krumbhaar [27] hypothesise that dendrites grow at the margin of
stability with the steady-state tip radius r matching the critical wavelength
of a perturbation, which gives when coupled with Ivantsov’s solution
σ∗ =
2αld0
V r2
(1.20)
and provides an independent capillary length scale, d0 = Γsl/∆Thyp. Here
σ∗, the theoretical scaling constant, is equal to 1/4π2. A solution of similar
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Figure 1.5 – Conditions at a dendrite tip of parabolic shape growing into the
undercooled melt with constant velocity V and tip radius r. The temperature
T ∗ and the composition C∗ are assumed to correspond to a point on the liquidus
curve for the alloy, reduced by the undercooling required to maintain the tip
curvature, ∆Tr. The total undercooling ∆T can be split into a thermal part,
∆Tt, leading to a thermal gradient, Gt, a solutal undercooling, ∆Tc, with
a corresponding gradient Gc.
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form was later derived from microscopic solvability theory [28] which ade-
quately specifies the anisotropy of the interfacial energy as the main factor
in selecting a dendritic operating scale and gives σ∗ ∝ ε7/4c .
In the latter formulation the dimensionless tip radius, rtip, can be ex-
pressed by
rtip =
Γsl
σ0 ε
7/4
c
[
Hf
cpl
ξt Pet −
2mC0(1− k0)
1− (1− k0) Iv(Pec)
ξc Pec
]−1
(1.21)
with stability functions defined as
ξt = (1 + a1Pe2t εc)
−1 and ξc = 2 (1 + a2Pe2cεc)
−1. (1.22)
These functions represent the corrections for large values of the Péclet num-
bers, reducing to unity for the limit of small Péclet numbers, with the nu-
meric coefficients σ0 = 1/0.42, a1 = 0.3, a2 = 0.6 given within the asymp-
totic analysis [29].
1.3.2 Attachment kinetics
Although the thermal and/or solute gradients are unavoidably present dur-
ing solidification the interface itself might still be considered at equilibrium
(assumption of local equilibrium), provided the proper account for the cur-
vature of the interface. However, with increasing solidification velocity the
departure from equilibrium due to the limitations of attachment kinetics of
the atoms/molecules needs to be taken into account.
In linear approximation, the deviation from local equilibrium due to
atomic kinetics at the interface is given by
∆Tk = V/µk (1.23)
where µk is the proportionality constant between the velocity of the solid-
liquid interface V and the kinetic undercooling ∆Tk referred to as the inter-
facial kinetic coefficient
µk =
V0Hf
kB T 2f
. (1.24)
Here V0 is the speed limiting the attachment of atoms at the interface. The
theoretical descriptions of the kinetic mechanisms limit the crystal growth
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either by the diffusion jumps of atoms (V0 = Dl/λ, where λ is the mean free
path for diffusion process) [30, 31] or by the atomic collision (V0 = Vc, where
Vc is the speed of sound) [32] providing only its lower (µk ≈ 0.01 m s−1K−1)
and upper (µk ≈ 1.2− 2.0 m s−1K−1) limits respectively. A more adequate
description of the experimental observation is given within the models devel-
oped from the results of the molecular dynamic simulations of crystallisation
of a Lennard-Jones liquid [33] and the density functional theory of Mikheev
and Chernov [34], which account for complicated behaviour of the atomic
ensemble around the interface. An important prediction of the Mikheev
and Chernov theory is that µk shows sizeable crystalline anisotropy, with
µ100k > µ
110
k ∼ µ111k . For the cubic symmetry the dependence on the orienta-
tion angle θ is typically taken as µk(θ) = µk0(1 + εk cos 4θ), where εk is the
strength of the anisotropy of the kinetic coefficient.
1.3.3 Solute trapping
For the alloy systems another possible kinetic departure from equilibrium
is solute trapping. When the solidification velocity becomes comparable to
the diffusive velocity at the interface, defined as VDI = Dl/δi, atoms do not
have enough time to “escape” from the moving interface and are instead
“trapped”. Such redistribution of the solute elements has been described by
Aziz [35], who introduced the velocity dependent partition coefficient k(V )
and liquidus slope m(V ) in the kinetic phase diagram. Although widely
in use, this model failed to describe the transition to the complete solute
trapping at finite solidification velocity suggested by the experimental obser-
vations [36, 37] as well as molecular dynamic simulation [38] giving kv = 1
only at V →∞.
This transition is introduced if the local non-equilibrium in the solute
diffusion field is assumed with the final speed of the solute diffusion propa-
gation in the bulk phases VD = (D/τD)
1/2, where τD is the relaxation time
of the diffusion flux to its steady-state value [39]. According to the local
non-equilibrium model developed by Galenko et al. [40, 41], an interface
which moves with a velocity V > VD cannot create a concentration profile
and thus solidifies diffusionless, without chemical partitioning. The gen-
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eralised expression for the solute partition function in case of diluted and
concentrated alloys is given by [42]:
kv =

(1− V 2/V 2D) k0 + V/VDI
(1− V 2/V 2D)(1− (1− k0)c∗) + V/VDI
, for V < VD,
1, for V > VD,
(1.25)
The apparent liquidus slope mv in the kinetic phase diagram is than de-
scribed according to [43] by
mv =

m0
1− k0
(
1− kv + ln
(
kv
k0
)
+ (1− kv)2
V
VD
)
, for V < VD,
−m0 ln k0
1− k0
≡ const, for V > VD.
(1.26)
With increasing solidification velocity the liquidus and solidus lines move
towards the T0 line (defined from Gl = Gs) where they coincide at V > VD.
In the limit VD →∞, both kv and mv are reduced to the form proposed by
Aziz [35].
The analytical procedure for computing a unique pair of V,R at given
undercooling for alloy systems given above is based on the sharp interface
model first developed by Lipton, Glicksman and Kurz [44] and by Boetinger,
Coriell and Trivedi [45] with an account for the non-equilibrium effects not
only at the advancing interface, but in the solute diffusion ahead of the
interface as well. The latter is of importance for systems where the interface
velocities are relatively high (of the order of 10− 20 m s−1).
Chapter 2
Experimental
2.1 Levitation –
containerless processing of the melts
The reactivity of titanium alloys with crucible materials and the ambient
atmosphere poses major experimental challenges for studies of high temper-
ature phase equilibria, as evidenced by the absence of consistency in dif-
ferent thermodynamic descriptions of the Ti-Al-Nb system. The change of
the composition by the impurities incorporated through reactions with the
crucible walls and the gas atmosphere could destabilize the thermodynami-
cally stable phases and thus crucially affect the phase equilibria. Studies of
metastable phases, which typically solidify from deeply undercooled melts, in
both γ-TiAl and Al-Ni systems, are even more problematic since containers
provide undesirable heterogeneous nucleation sites. A major breakthrough
for these studies has been achieved by recent advances in containerless pro-
cessing such as aerodynamic, acoustic (ultrasonic), gas film, static dia- or
paramagnetic, electrostatic and electromagnetic levitation [46]. The key idea
of levitation processes is to compensate for the gravity by either air pressure,
magnetic, electromagnetic or electrostatic forces allowing the sample to be
freely suspended in the vacuum or in a definite gas atmosphere. Despite the
wide variety of the levitation techniques the most suitable method to levitate
bulk metallic samples (up to 1 cm in diameter) is the electromagnetic levi-
tation (EML). The combination of the EML method with in situ structure
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Figure 2.1 – Principle of electromagnetic levitation (a) and experimental set-
up at IFW Dresden (b)
characterization using high-energy X-rays provides the unique possibility for
direct study of solidification processes and is a major method used in the
current work.
2.1.1 The electromagnetic levitation method
Schematically the EML system can be represented by a metallic sample
placed in an alternating electromagnetic field of a levitation coil with one
copper winding (Figure 2.1a). When the alternating current is flowing
through the coil, the time-dependent magnetic field B induces eddy cur-
rents in an electrically conducting material (Lenz rule: ∇ × E = −∂B/∂t,
where E is the electric field). A magnetic moment produced by the eddy
currents causes a repulsion force FL that counteracts the gravitational force
FG, which leads to levitation if FL = FG. The levitation force depends on
the product (B × ∇)B. However, the eddy currents not only lead to lev-
itation but simultaneously heat up the sample (Joule heating) so that the
sample can be completely melted. The power absorption P is proportional
to B2. Thus, the minimum magnetic field needed for levitation is inherently
connected with the minimum temperature of the sample. Since P and FL
have a different dependence on B their separate action allows to control the
temperature to some extend by choosing a proper frequency of the alternat-
ing field or/and by varying the position of the sample along the symmetry
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axis of the levitation coil changing the current running through it. In prac-
tice a conically shaped levitation coil consists of several windings and is
supplemented with counterwindings of a second coil at the top to stabilize
the position of the levitating droplet.
The EML facility utilized in the IFW Dresden laboratory is shown in
Figure 2.1b. A copper coil consists of 5 windings and 4 counterwindings
powered by two radio frequency generators with corresponding maximum
power-otputs of 6 and 3 kW respectively, at a frequency of 250 kHz (with
the phase shift of 180◦). To prevent the overheating the coil system is per-
manently cooled with water. The levitation proceeds in a high-purity envi-
ronment of an ultra high vacuum (UHV) chamber evacuated to 10−9 mbar
before backfilling with 1 atm of 6N He or a He – 10% H2 mixture in order to
prevent sample oxidation. The gases used are additionally purified by pass-
ing them through a liquid-nitrogen cold trap. Inside the chamber additional
trapping of water molecules (as a product of O+H2 reaction) is assured by
a “cooling finger” – a copper pipe with liquid nitrogen situated in the upper
part of the chamber. The metals evaporated during levitation also tend to
condense there maintaining a high level of purity. Additional cooling is re-
alized by directing gas streams (the same as the chamber atmosphere) onto
the droplet surface. The gas flow is created by two quartz nozzles that are
installed at a distance of approximately 5 mm from the sample surface and is
regulated by a flow control valve. The flow controller also allowed for man-
ual adjustment of the gas flow, which was the normal operation mode for
performing heating and cooling cycles in this work. The forced convection
enables moderate cooling rates of the melt up to 50 K s−1. At the bottom
the chamber is equipped with a revolving disk with 18 sites for virgin sam-
ples, operating tools or containers for processed samples. Each site can be
directly placed under the levitation coil and thus provide an easy access to
the levitation process for the sample exchange, initiation of the solidification
by a trigger needle or providing a quenching substrate.
The other levitation apparatus used within present work is one dedicated
to in situ structure measurements with synchrotron radiation (see below).
It was developed in the Deutsches Zentrum für Luft- und Raumfahrt (DLR),
22 Experimental
Köln and is characterized by the positioning of all necessary elements on the
top of the cylindrical UHV chamber. The primary X-ray beam as well as
the deflected beam are accessing the chamber through aluminium windows
situated on the same level as the sample position. The coil, specially de-
signed for this kind of diffraction experiment, assures the space between the
upper and the lower windings to be broad enough to allow an unobstructed
view of the sample in direction of the beam. The detailed description can
be found in Ref. [47].
2.1.2 Non-contact observations of solidification processes
The combination of electromagnetic levitation with different non-contact
measuring devices makes it possible to gather a great deal of information on
the solidification process if the sample temperature goes through the range
of liquid-solid transformation. The basic principle of their work explores the
thermal radiation – an electromagnetic radiation emitted from the sample
surface which is due to the object’s temperature. The emitted frequency ν
(or a wavelength λ = c/ν, where c is the speed of light) of the thermal
radiation is a probability distribution depending only on temperature. For
a genuine black body it is given by Planck’s law of radiation (Figure 2.2a).
The energy radiated by a particular material is related to the energy ra-
diated by a black body at the same temperature through the emissivity
factor ε(λ, T ). A true black body would have an ε = 1 while for any real
object ε < 1 is valid. Although the emissivity is an experimentally deter-
mined function of temperature and wavelength, it is viable to assume that
the spectral emissivity of the surface does not depend on the wavelength
(grey body assumption). The other factors affecting the emissivity are the
geometrical structure and the chemical composition. However, in absence
of phase transition for pure metals and alloys the temperature dependence
of the emissivity could be omitted as well, so that ε(λ, T ) = const.
Temperature measurements with pyrometry
The intercepts and measurements of the intensity of thermal radiation at
specific wavelength (or several wavelengths) are accomplished by infrared
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Figure 2.2 – Intensity of thermal radiation as a function of wavelength (a)
and temperature (b)
pyrometry. In the present work so-called one- and two-colour pyrometers
were used for non-contact determination of the sample temperature. In
the first case radiation at λ = 1050 nm was measured, which is a function
of temperature at a given emissivity factor. Since the emissivity of the
investigated alloys is not known precisely the calibration at a well defined
temperature such as Tl etc. measured by other methods, e.g. DTA, was
done [48].
A two-colour pyrometer measures the ratio between the radiated en-
ergy E(λ1, T )/E(λ2, T ) at two narrow wavelength bands (λ1 = 1400 nm,
λ2 = 1570 nm), which is a function of the sample temperature (Figure
2.2b). Here the absolute values of the two energies measured do not play a
role but only the ratio of both. Hence the two-colour ratio technique effec-
tively eliminates the dynamic changes, caused by the shape of the object,
oxidation and surface finish, which are seen identically by the detector at
the both wavelengths. It also substantially reduces errors in the tempera-
ture measurements caused by changes in emissivity (e.g., liquid–solid phase
transition) [49]. However, to account for non-dynamic phenomena, such as
the non-grey bodiness of materials when ε(λ1) 6= ε(λ2), the bias of the ra-
tio of the wavelengths should be done. An appropriate slope setting was
determined and adjusted during the experiment.
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The pyrometer is positioned on top and focused by a lens through the
quartz chamber window into the ∼ 1.1 mm spot on the sample surface.
With the average sample diameter of 7–8 mm, the amplitude of horizontal
oscillations of the sample up to 1 mm during the levitation experiments does
not influence the temperature measurements.
The characteristic temperature evolution of the levitated sample mea-
sured with a two-colour optical pyrometer (Keller PB86, sampling rate
10 Hz, absolute accuracy ±5 K) used for the experiments at IFW Dres-
den is presented in Figure 2.3. The sample is gradually heated from room
temperature up to its solidus temperature Ts were it starts to melt. At the
transition from the solid to the liquid state the specific heat of fusion is
absorbed which reduces the slope of the temperature curve. The melting
proceeds up to the liquidus temperature Tl. At the end of the process the
sample is entirely molten and the temperature rises rapidly up to the maxi-
mum value where the heating energy delivered is completely counterbalanced
by the heat losses through radiation and convective cooling. Overheating
above Tl is an essential stage if deep melt undercooling is desired. It helps
to dissolve or evaporate inclusions or oxides. However, this must be done
with precautions, because it can lead to changes of the chemical composi-
tion due to the evaporation of alloying elements (most of all aluminium in
Al-based alloys) from the sample surface, which increases with temperature.
The cooling process is initiated by the forced flow of the cooling gas onto the
droplet. As heterogeneous nucleation on the container walls is eliminated
the bulk molten sample is typically undercooled to a certain level ∆T below
Tl before nucleation occurs spontaneously.
The nucleation in a deeply undercooled melt is followed by a rapid so-
lidification process driven by the big difference of Gibbs energy between
solid and liquid phases. The liquid to solid transformation occurs with fast
quasi-adiabatic liberation of the latent heat of fusion. It causes a sudden
rise of the sample temperature, called recalescence. The nucleation (Tn) and
recalescence (Tr) temperatures are commonly defined from the temperature-
time profile as the temperatures at the onset and at the end of a thermal
event. The bulk undercooling ∆T = Tl − Tn is defined as the difference
between the liquidus temperature Tl and the nucleation temperature Tn.
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Figure 2.3 – Temperature-time profiles of the levitated Ti-Al-Nb samples.
After non-equilibrium solidification during the recalescence, the sample has
the temperature Tr, which is in between Ts and Tl. The residual melt solid-
ifies under quasi-equilibrium conditions. The time it takes to fully solidify
the sample is defined as the “plateau time” during which the temperature
decreases slowly until the whole latent heat is released. At the time of the
recalescence and plateau periods the other transformations of morphology or
structure could take place [50]. Any thermal event observed on further cool-
ing of the solid sample indicates a corresponding solid-state transformation,
which could also show an undercooling effect followed by recalescence.
The solidification time in case of some Al-Ni alloys can become quite
large as the solidification interval between Tl and Ts is up to 650 K. In
this case several crystallization steps, with and without recalescence, can be
observed until the solidification is completed.
Relative temperature measurements with the photodiode
In order to resolve details of the temperature-time characteristics during
the short recalescence period the thermal radiation of a 1× 1 mm section of
the sample surface was projected onto a fast responding silicon photodiode
arranged in the plane perpendicular to the symmetry coil axis. It enables
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sampling rates up to 500 MHz. The amplified output of the photodiode
was connected to a DL750 ScopeCoder (Yokogawa Electric Corporation) to
provide high-time resolution data with sampling rates up to 10 MHz. This
makes it possible to distinguish thermal events on the scale of microseconds.
Measurements of growth velocities
High-time resolution devices are also used to determine the solidification
kinetics during fast recalescence processes. In this case the nucleation is
initiated externally at predetermined values of ∆T by touching the south
pole (bottom) of the levitating droplet with a tungsten needle coated with
ceramics. Solidification starts at this point and the dendrites propagate
isotropically through the volume of the sample. It is common to assume
that the recalescence event observed is due to the solidification front sweep-
ing across the field of view of the photodiode. Consequently, the velocity of
the solid-liquid interface is proportional to the size of the photodiode spot
divided by the rise time required for the thermal field of the interface to
move across this spot. In turn, the rise time is defined as the time that
elapses between 10 and 90% of the recalescence event height. In such a way
an average velocity of the solidification front is estimated. The front is ap-
proximated by an envelope of the dendrite tips which is almost always the
case for medium and high undercoolings, but fails at small undercoolings.
Although more sophisticated methods based on two photodiodes or capaci-
tance proximity sensor allows for more precise measurements of the growth
velocity, the most reliable and full information about the propagating front
is obtained with the high-speed digital camera technique [51]. The contrast
between “cold” liquid and “hot” solid phase provides information about the
velocity and shape of the front from the beginning until the end of the so-
lidification. Precautions should be taken to account for the real shape of
the droplet, which is seen as a projection on 2D. A high-speed video camera
(Photron Fastcam Ultima APX) at a rate of 30000 frames per second and
a frame size of 256 x 128 pixels was used in present work within a collabo-
ration with DLR Köln.
The EML facility in IFW Dresden also provides an opportunity to rapidly
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quench the undercooled samples in order to study the microstructure as a
function of undercooling under efficient cooling conditions. In these experi-
mental series once the desired ∆T was reached, the current to the levitation
coils was switched off and the sample was dropped onto a copper substrate
(Figure 2.1b). To improve the heat sink the substrate was covered with
a layer of tin, which can melt after touching with the hot sample and con-
siderably enhances the heat transfer between sample and chill substrate.
This method can be applied if no reaction between quenched melt and sub-
strate material is detected.
2.1.3 In situ structural analysis with synchrotron
radiation
In situ structural measurements were done in a specially designed electro-
magnetic levitator combined with the high-energy white beam diffraction
setup available at the beamline ID15A of the European Synchrotron Radi-
ation Facility (ESRF) in Grenoble, France.
The synchrotron radiation is a high-energy X-rays, which are electro-
magnetic radiation emitted by accelerated charged particles. The main ad-
vantage of the high-energy X-rays is their penetration into matter which
allows for the investigation of bulk material. The attenuation of the inten-
sity from 1 to e−1 for Al, Ti and Nb elements, estimated by attenuation
lengths τ0 = 1/(Σ · ρ), calculated from the mass absorption coefficient Σ
listed in the literature [52] and the density ρ, is manifested in Figure 2.4a.
With an increase of the X-ray energy even the heaviest elements become
transparent, although the edge of the photo absorption increases with the
atomic number. In context of our levitation experiments the 8 mm diameter
samples made of above mentioned elements are accessible for energies of the
order of hundreds keV provided by modern synchrotrons.
The third generation synchrotron sources, such as ESRF, are charac-
terized by X-rays of extremely high intensity and a small divergence. It
explores electrons accelerated to 6 GeV which are circulating in vacuum
environment of a storage ring of 844 m in circumference. The set of 32
bending magnets deflects the electrons from their straight path by several
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Figure 2.4 – (a) Attenuation lengths of X-rays for the Ti46Al46Nb8 alloy.
The two attenuation processes, photo absorption and Compton scattering are
distinguishable by their different slopes. (b) The photon fluxes of two insertion
devices of beamline ID15A at ESRF: the AMPW and U22 at the orbit through
1×1 mm2 pinhole at 60 m distance. Source: www.esrf.eu. The shaded area
shows the energy range used.
degrees. This change in direction causes them to emit synchrotron radia-
tion. An enhancement in the beam intensity achieved by use of wigglers
and undulators – structures, made up of a complex array of small magnets,
which force the electrons to follow an undulating, or wavy, trajectory lead-
ing to their overlapping and interference. The synchrotron beams emitted
by the electrons are directed towards the 40 beamlines which surround the
storage ring, each designed for a specific research application. In this regard
the ID15A beamline is dedicated to the applications using X-ray radiation
up to several hundred keV, which is one order of magnitude higher than
those from other beamlines. The ID15 white beam station is an insertion
device beamline which holds asymmetric multipole wiggler (AMPW) and an
in-vacuum undulator (U22). Figure 2.4b illustrates the intensity distribu-
tion in the central part of the beam characteristic for both devices. Below
120 keV U22 provides a superior flux, while AMPW operates in a consider-
ably broader energy range. Unfocused radiation from a wiggler was used for
the experiment. The wiggler consisted of 7 poles and had a magnetic field
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Figure 2.5 – Schematic view of the levitation chamber used in combination
with the energy-dispersive X-ray diffraction system at the white beam beamline
ID15A at the ESRF. The diffracted beam is detected by an energy dispersive
germanium detector at a constant angle 2θ.
of 1.84 T. Its critical energy is 44 keV, and the useful spectrum generally
extends up to 500 keV.
Among the other experimental setups the ID15A holds an energy- disper-
sive diffraction technique, which is the first to be established for high-energy
beamlines. Figure 2.5 shows a schematic view of the specially desined elec-
tromagnetic levitation chamber combined with the energy- dispersive X-ray
diffraction system at the beamline ID15A. The experimental setup used is
analogous to that described in [7]. To adjust the position of the levitated
sample in the beam the levitation chamber was mounted on an x-y-z table.
The primary beam was filtered by absorbers of graphite and aluminum to
take away the heat load due to the lower X-ray energies in the spectrum.
The beam size was shaped by the slit system which collimates it to a cross
section of 0.3 × 0.3 mm2. The beam reached the sample after passing
through an 0.5 mm thick aluminum window at the front of the levitation
chamber. After interaction with the sample, the diffracted beam passes an-
other aluminum window, 4 mm thick, at the back of the chamber where
a secondary slit system defines it towards the energy-dispersive germanium
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detector, which is mounted on the arm of a 2θ-goniometer. It fixes the
scattering angle, which for all measurements reported in present work was
chosen to be 2θ = 2.5◦. It also defines a gauge volume of the shape given
by the lateral beam dimension and the scattering angle. The choice of such
a small gauge volume comparing to sample volume of almost 270 mm3 (for
sample diameter 8 mm) excludes influence of sample oscillations during lev-
itation. Data in the energy range from about 0.1 to 245 keV were collected
in a multichannel analyzer. Due to the limitations caused by the energy de-
pendence of the absorption in the sample and by the detector efficiency only
data in the energy interval between 50 and 255 keV were used for evaluation.
The corresponding range in wave-vector transfer is 1.1 Å−1 < Q < 5.6 Å−1.
In such a setup relatively fast recording of one complete spectrum is possi-
ble, because no movements of the sample or the detector are needed. The
minimum acquisition time depends on the maximum count rate of the de-
tector and on the sample absorption. In present work an integration time
for recording spectra of reasonable quality lasted typically from 0.5 to 2 s.
Two spectra acquisitions are split by the time required for read out of the
detector, which is generally not constant. Thus the resultant time resolution
of structural measurements in different experiments was within the range of
0.6 – 3 s (1.7 – 0.3 Hz). The spectral data are collected in the form of
the count rate as a function of the detector channel. In order to cor-
relate the channel number to the energy a calibration with a radioactive
Ba source using 2nd order polynomial function was done. With the max-
imal number of 8200 channels the resolution within a given energy range
makes ∆E ≈ 0.03 keV, which corresponds to a resolution in wavevector
∆Q ≈ 0.8 × 10−3Å−1. The obtained resolution allows identification of the
constituent phases in almost all cases. For interpretation of the intensities
the total instrument function needs to be measured, which accounts for cor-
rections of the incident beam spectral distribution and spectral response of
the detector. However, the applied acquisition times were insufficient for un-
ambiguous measurements of the intensities. Thus, the quantitative analysis
of the intensity distribution has not been dealt within this work.
The temperature, measured in this case with one-colour pyrometer (Im-
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pac ISQ-10LO, λ = 1050 nm, sampling rate 20 Hz), was collected along
with an information about spectra acquisition periods using LeviAcq soft-
ware, which together with the software ShowSpec allows for exact correlation
of thermal and structural data. Both software packages were developed by
Heinen at DLR Köln [48].
2.2 Alloy preparation
Binary and ternary alloys were prepared from Ti, Al, Nb and Ni elements
of 99.99 % purity. To obtain the desired alloy composition a corresponding
amount of each component was calculated and weighed. The constituents
were placed in a Hukin-type copper water chilled crucible and inductively
melted by a solenoidal coil wound around the crucible. The conical shape
of the upper part of the crucible assure that essentially all contact between
charge and crucible is eliminated by means of electromagnetic forces of re-
pulsion, i.e., the charge is almost completely levitated during melting. The
hole of 8 mm diameter in the central region of the crucible floor is plugged
with a bar to ensure retention of the molten charge. The melting proceeds
at reduced pressure (0.5 atm) of high-purity (5N) Ar gas (prior to the gas
inlet the chamber was evacuated to 10−5 mbar) to enhance the evaporation
of the undesired impurities. Note that for preparation of Ti-Al-Nb alloys the
Ti and Nb elements were first co-melted for ∼ 2 min before Al was added
at the last stage. This prevents high losses of Al during preparation. After
several minutes (depending on the amount of the material and portion of the
components with high melting temperatures) the current was switched off
and the bar at the bottom of the crucible was simultaneously removed. This
caused the melt to drop into the opened hole and to solidify in the copper
mould placed beneath the crucible. The resulting rods of 6 mm diameter
and 60 mm length were cut into samples of about 1 g mass (the exact mass
depends on the material density) for levitation experiments. The method
provides very effective homogenization of the as-cast material and at the
same time assures high levels of purity.
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2.3 Sample characterization
2.3.1 Metallographic analysis
As-levitated samples tend to be ellipsoidal due to the effects of gravity and
the electromagnetic field. For metallographic analysis, each sample was sec-
tioned along its long axis and thus positioned parallel to the plane of the
mount to expose a large section of the sample. Quenched samples were sec-
tioned perpendicular to the chill substrate. The preparation of the sections
for optical metallography was achieved by grinding with SiC paper up to
4000 grit and polishing with MD-Chem using OP-Suspension.
Optical polarization microscope
The microstructure was investigated by optical metallography with the po-
larization microscope Axiovert 25 equipped with Carl Zeiss digital camera.
The different phases and the grain structure can be observed by the color
contrast of the image. The polarisation of the light reflected from the sam-
ple surface is changed with respect to the crystallographic orientation of
the grain. The polarisation change of the light reflected by different phases
is even larger than the difference between two different grains allowing for
an identification of 2nd phases as well.
Scanning electron microscope
Higher spatial resolution is achieved in the scanning electron microscope
(SEM Philips XL 30), where magnifications from 30 to 3000 are possible.
Pictures with good contrast are obtained if in addition to the secondary
electrons (SE) also the back scattered electrons (BSE) are detected. The
compositional contrast in the BSE image reveals the morphology of the
constituent phases. while their composition was determined by electron
probe microanalysis (EPMA) applying the energy dispersive X-ray (EDX)
mode. The EDX technique can quickly identify the content of heavy metallic
elements with an accuracy of 0.5 at.%.
2.3 Sample characterization 33
2.3.2 Composition control
Inductively Coupled Plasma Optical Emission Spectrometry
For melting of many alloy systems there is a problem of different vapor
pressure strengths of constituent elements. This may drastically change the
chemical composition of the melt during levitation experiments. It is one
especially critical point for the assessment of the phase diagram to exactly
determine the composition of the investigated alloys. Therefore, the compo-
sitions of Ti-Al-Nb alloys were additionally verified by chemical analysis in
both the as-cast state and after levitation using Inductively Coupled Plasma
Optical Emission Spectrometry (ICP-OES, IRIS, Thermo Jarrel Ash). Sam-
ples were analyzed either after dissolution using liquid nebulizing or directly
using laser-assisted ablation of the sample (Nd:YAG laser 266 nm) in inert
gas flow (Ar, He). The aerosol obtained after the sampling was injected
into the plasma torch where the aerosol particles were atomized and ex-
cited/ionized.
Whereas the composition of as-cast alloys corresponds to the nominal al-
loy composition within the order of the error of the analysis method, 0.4 at.%
for Ti, 0.3 at.% for Al and 0.06 at.% for Nb, levitated samples experienced
loss of aluminium from 0.2 to 2.5 at.%. Such considerable evaporation of
aluminium is most probable during the initial melt overheating in the lev-
itation experiments applied for material purification. In most cases during
subsequent cooling/heating cycles no severe drift in liquidus temperature
was observed, implying that the actual composition of the sample for the
period of levitation was virtually unchanged. Therefore, the compositions
inferred from chemical analysis of the samples after levitation were utilized
for phase diagram assessments instead of the nominal element concentra-
tions.
Hot gas extraction method
The carrier hot gas extraction method determines the content of oxygen
impurities in metallic or intermetallic samples with an accuracy of about
1 mass%. The technique is based on the high temperature gas chromatog-
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raphy. The reaction of oxygen contained in the sample with carbon at high
temperatures (700–2700◦C) forms COx in the electrically heated furnace.
The following selective CO and/or CO2 detection by infrared absorption
(Analyser TC-436DR/ LECO USA) enables a quantitative determination
of oxygen in intermetallics with an relative error of 0.5 to 5 %. Maximum
oxygen contents in levitated samples amount to 800 to 1000 wt.-ppm. These
levels, are judged low enough to exclude a significant impact on the solidi-
fication behavior [53].
Chapter 3
Phase diagram studies of the
ternary system Ti-Al-Nb
3.1 Motivation
Motivated by the industrial interest numerous studies of the binary Ti-Al
phase diagram have been performed [56, 55, 54]. As a result of the com-
plexity of this system, additionally exaggerated by the high reactivity of the
titanium alloys at elevated temperatures, the most recent thermodynamic
description of Witusiewicz et al. [54], illustrated in Figure 3.1, heavily differs
from the first diagram of Murray [56]. The progress in understanding of the
binary Ti-Al phase equilibria is based on a large number of the experimental
data gathered by now (see [54] and references therein).
Table 3.1 – Designations and the crystal structure data [55] of the Ti-Al
phases, most relevant for γ-based alloys
Phase Designation Pearson symbol Space group Structure
α(Ti) hcp A3 hP2 P63/mmc A3
α2 Ti3Al hP8 P63/mmc D019
β(Ti) bcc A2 cl2 Im3̄m A2
β0 bcc B2 cl2 Pm3̄m B2
γ TiAl tP4 P4/mmm L10
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Figure 3.1 – Phase diagram of the binary Ti-Al system according to the re-
cent description of Witusiewicz et al. [54]. With respect to the solidification
of the γ-TiAl-based alloys the composition region around two cascading peri-
tectic reactions, L+β→α at 1764 K and L+α→γ at 1729 K, is most relevant.
The phases are designated in Table 3.1.
Concurrently, various studies of the ternary Ti-Al-Nb system have been
done [59, 60, 61, 62, 63, 64, 65]. However, existing thermodynamic de-
scriptions [57, 58, 66] have proved to be incapable to correctly reflect the
recent experimental data, especially for the equilibria that involve the liquid
phase. As it is shown in Figure 3.2, in the composition region relevant for
the γ-TiAl, the experimentally observed fields of primary β, α, and γ solid-
ification [59, 60, 61, 62, 63, 64, 65] noticeably deviate from the calculated
liquidus surfaces [57, 58]. Compared to the thermodynamic description of
Servant and Ansara [57] the primary α solidification domain is shifted with
increase of niobium fraction towards the Al-rich corner. On the other hand,
the description of Saunders [58], overestimates the β stabilizing effect of
niobium. The predicted nature of the invariant reaction involving four-
phase equilibrium is also contradicting: it is claimed to be quasi-peritectic
(U: L+β → α+γ) according to Servant and Ansara [57], while it has a peri-
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Figure 3.2 – Projections of the liquidus surfaces of the Ti-Al-Nb system onto
the Gibbs triangle according to thermodynamic descriptions of Servant and
Ansara [57] and Saunders [58] in the region relevant for γ-TiAl alloys are
compared to the experimental data on the primary phase fields of Refs. [59,
60, 61, 62, 63, 64, 65].
tectic nature (P: L+β+γ → α) according to Saunders [58]. This mismatch
is caused to some extent by the inexact descriptions of the constituent bi-
nary Ti-Al system used in calculations, but mainly is due to the lack of the
reliable experimental data on liquid-solid phase equilibria for the ternary
Ti-Al-Nb system available by that time.
Conventionally, to gain an information on phase equilibria, samples of
different compositions are annealed at definite temperatures and quenched
in order to preserve the equilibrium phases. However, for the alloys, where
the high temperature phases unavoidably transform upon cooling, the so-
lidification paths, including the primary phase, are commonly deduced from
thorough microstructure and microsegregation analyses [61, 63]. The base-
line industrial alloy Ti46Al46Nb8 solidifies with the primary β phase which
undergoes the solid state transformations leading to the well-known lamel-
lar microstructure of two ordered phases, γ-TiAl and α2-Ti3Al with some
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Figure 3.3 – The SEM image in the back-scattered electron mode of the
as-cast microstructure of the Ti46Al46Nb8 alloy.
amount of the γ phase formed directly from the last liquid in the interden-
dritic region (Figure 3.3). When approaching the α solidification domain the
microstructure would be hardly distinguishable from that, solidified with α
primary phase [61]. In general, the β→α solid-state reaction causes deter-
minable segregation – the white niobium accumulations. However, more
definite conclusions on the primary phase can be drawn if a clear morpho-
logical difference of the dendrites is determined (orthogonal for cubic β and
60◦ oriented for hexagonal α), as it is done in Ref. [63]. Furthermore, the
transformation temperatures are determined separately by differential ther-
mal analysis (DTA) or differential scanning calorimetry (DSC) using low
cooling/heating rates [67]. Both, metallographic and thermal analyses, are
known to disclose the nature and the sequence of phase transformations
indirectly. More recently in situ observations of the structural transfor-
mations have been done by means of synchrotron X-ray diffraction [68].
In niobium containing γ-TiAl alloys the solid state transition around α-
transus has been successfully investigated, providing data on transforma-
tion behaviour, atomic structure, and crystallographic relations between
phases [68, 69, 70, 71, 72]. However, the study of liquid-solid phase equilib-
ria with any of the above mentioned methods faces the contamination prob-
lem, since liquid γ-TiAl-based alloys are highly reactive with the majority
of crucible materials [73]. In this regard, latest developments of different
containerless techniques, such as electromagnetic levitation (EML) [7], elec-
trostatic levitation (ESL) [74] and aerodynamic levitation [75] adapted for
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in situ structural studies with synchrotron X-ray and neutron scattering are
very promising. Beamline levitation techniques are successfully applied to
determine the structure (short-range order) of stable and metastable liquids
for a wide variety of materials [47, 76, 77]. The liquid-solid transformations
have been studied as well, but mainly with regard to the non-equilibrium so-
lidification from the undercooled melt [78], including investigations reported
for Ti-Al and Ti-Al-Nb systems [9] and are in the scope of the next chapter.
The benefits of contamination-free processing combined with in situ X-
ray diffraction could be effectively used for determination of the stable high
temperature phases [74]. However, an implementation of these methods
for the studies of the equilibrium phase diagrams would also require to ac-
count for the kinetics of the process and the segregation problem. This is
especially challenging, since the typical operating cooling/heating rates are
higher than those available, e.g. in the DTA method, while annealing at
specific temperature is often restricted by the sample stability. Moreover,
the high-purity environment leads to the significant melt undercooling caus-
ing non-equilibrium solidification with possible formation of the metastable
phases.
In the current chapter the in situ high-energy X-ray diffraction on elec-
tromagnetically levitated droplets is applied to study liquid-solid phase equi-
libria in the ternary Ti-Al-Nb system. In order to overcome the difficulties
stated in the previous paragraph the transformation sequences are deduced
on heating (effectively during the melting process), while the significant
segregation influence is avoided by exploring the tendency to partitionless
solidification from the deeply undercooled melt, found for this system.
3.2 In situ X-ray diffraction data
The alloy compositions are selected with regard to the expected boundary
of the α solidification domain and are gathered together in Table 3.3.
3.2.1 Non-peritectic alloys on the 8 at.% Nb isopleth
Several alloys with compositions ranging from 43.5 to 46.5 at.% Al and
around 8 at.% Nb (nos. 1–4), most relevant for prospective γ-TiAl-based
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materials, have been investigated. Figure 3.4 displays a cooling and a heat-
ing process during a typical experimental cycle as it is observed with in situ
X-ray diffraction for the levitated Ti47.8Al43.5Nb8.7 alloy (no. 3). The pyro-
metric temperature measurements (top) are synchronized in time with the
energy-dispersive X-ray diffraction (EDXD) spectra (bottom) presented as
intensity map. The measured spectra appear as narrow stripes with widths
reflecting the acquisition time, split by the time interval required to read
out the data from the detector.
Prior to the recorded cycle the sample was heated from the room temper-
ature until complete melting as evidenced by a diffuse intensity maximum
of the EDXD pattern at Q = 2.65 Å−1. Then the sample temperature was
decreased below the liquidus temperature Tl (its exact value was always de-
termined on heating, as discussed below), where distinct Bragg (110) and
(200) reflections of β phase emerge against the diffuse intensity from the
melt. The further growth of the crystalline peak intensities indicates the
rise of the volume fraction of β phase at the expense of the liquid phase.
The increase of the slope in the temperature-time profile at T cools = 1788 K
manifests the complete solidification when no more latent heat is released.
The next barely perceptible kink at T coolβ = 1675 K is correlated with the
simultaneous appearance of four reflections of the α phase indicating the
β→α solid state transformation as the sample crosses the β-transus line.
On cooling the increase of the α phase fraction is manifested in a growing
intensity of its reflections, while the intensity of β reflections evidently drops.
In the given cycle the sample was reheated from the α+β two-phase field
(1495 K). On heating the disappearance of the α reflections is accompanied
by a minor change of the temperature slope placing the β-transus at roughly
T heatβ ≈ 1705 K. The incipient melting is indicated by the well pronounced
plateau at T heats = 1835 K, where the heat absorption stabilises the tem-
perature for several seconds. Within the melting interval the intensity of
the liquid phase grows gradually as the solid β phase is dissolved until the
complete disappearance of crystalline peaks, which coincides with the clear
temperature upturn at Tl = 1870 K.
The observed transformation temperatures evidently depended on the
applied cooling and heating rates. Thus, the higher temperatures deter-
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Figure 3.4 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during cooling and heating parts of typical solidification cycle of
Ti47.8Al43.5Nb8.7 alloy. The Bragg peaks of the solid phases formed are iden-
tified at the right side.
mined on heating could be a result of higher heating rate in comparison
to cooling rate achieved in the given cycle. On the other hand, the phase
transition temperatures observed on heating are unavoidably affected by
segregation inherited from the cooling part: the regions of the last solidified
liquid enriched with aluminium would start to transform at different temper-
atures than the primarily solidified regions. Suppose that the binary phase
diagram reflects the tendency at 8 at.% Nb, on heating both the β-transus
and solidus temperature would be higher than the equilibrium value, which
is opposite to the experimental observations. For the β-transus this mis-
match could be explained by the fact, that the α phase formation involves
significant nucleation undercooling, also suggested from the directional so-
lidification experiments [79]. However, the difference in solidus temperature
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could not be explained on this basis. For the discussed Ti47.8Al43.5Nb8.7 al-
loy the analysis of several cycles shows that an effect of the applied heating
rate at comparable solidification conditions gives a maximum difference of
30 K in the Ts values for the lowest (2 K/s) and the highest (29 K/s) heat-
ing rate (estimated in the liquid phase), respectively. Thus, in the discussed
cycle, the T heats −T cools = 50 K difference may only be explained by the elim-
ination of the segregation pattern inherited from the solidification process
implying high diffusivity of elements at elevated temperatures. Furthermore,
the microstructure analysis of the different Ti-Al-Nb samples shows that the
element segregation can be effectively suppressed already during the solidi-
fication step if the melt is sufficiently undercooled (see Chapter 4 for more
details), which facilitates homogenisation during the subsequent heating cy-
cle. Hence, the following discussion is focussed on the results obtained on
heating cycles. The benefit of reduced segregation in samples obtained after
solidification from deep undercooling is employed through this work for all
alloy compositions studied.
Table 3.2 – Comparison of the solidus and liquidus temperatures measured
with DTA [64] and pyrometry (present work) methods.
No. Composition, at.% Method Rate, K/s Ts, K Tl, K
* Ti46.1Al45.8Nb8.1 DTA 0.33 1785 1859
1 Ti45.7Al45.8Nb8.4 Pyrometry 20 1782 1850±10
The solidus and liquidus temperatures determined at the lowest heating
rates and adequately high ∆T are given in Table 3.3. The rest of the samples
with ∼8 at.% Nb (nos. 2–4) corroborate the previous assumption: with in-
creasing aluminium contents the liquidus and solidus temperatures decrease,
similar to the hypo-peritectic alloys in the binary Ti-Al system [54]. More-
over, as summarised in Table 3.2, the solidus and liquidus temperatures
measured with pyrometer are well comparable to that of DTA measure-
ments reported in [64], although the latter measurements were conducted at
considerably lower heating rates of 20 K/min (∼ 0.33 K/s).
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Table 3.3 – In situ X-ray diffraction and pyrometric data of the levitated
Ti-Al-Nb samples in comparison with transformation temperatures calculated
using the optimized thermodynamic description [64].
No. Composition Rate, Phase Temperature, K
K s−1 transformation Measured Calculated
1 Ti45.7Al45.8Nb8.4 19 L→ L+β 1850 1849
21 L+β → β 1782 1769
2 Ti45.4Al46.4Nb8.2 23 L→L+β 1846 1841
14 L+β→β 1763 1785
3 Ti47.8Al43.5Nb8.7 2 L→L+β 1873 1870
3 L+β→β 1853 1828
4 Ti46.1Al43.9Nb10.0 2 L→L+β 1875 1874
L+β→β 1833 1830
5 Ti45.7Al49.5Nb4.8 7 L→L+β 1788 1788
7-10 L+β→L+β+α 1778 1774
7-10 L+β+α→(L+α) 1768 1773
10 (L+α)→α 1768 1764
6 Ti45.1Al49.9Nb5.0 14 L→L+α 1793 do not coincide
5 L+α→α 1744
7 Ti44.3Al50.7Nb5.0 19 L→L+α 1780 1775
4 L+α→α 1755 1756
8 Ti42.3Al52.6Nb5.1 17 L→L+α 1758 1764
L+α→L+α+γ 1739 1741
L+α+γ→L+γ 1739 1741
9 Ti42.2Al47.3Nb10.5 11 L→L+β 1836 1845
L+β→L+β+α – 1788
12 L+β+α→(β+α) 1795 1788
10 Ti41.0Al48.7Nb10.3 41 L→L+β 1828 1829
L+β→L+β+α 1793 1789
L+β+α→(β+α) – 1788
11 Ti38.4Al51.3Nb10.3 21 L→L+β 1761 do not coincide
L+β→L+β+α 1756
L+β+α→L+α 1748
L+α→α 1746
12 Ti37.8Al54.0Nb8.2 < 47 L→L+α 1759 1770
L+α→L+α+γ – 1769
L+α+γ→(α+γ) – 1755
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No. Composition Rate, Phase Temperature, K
K s−1 transformation Measured Calculated
13 Ti37.6Al54.4Nb8.0 40 L→L+α 1759 1770
40 L+α→L+α+γ 1755 1769
10 L+α+γ→(α+γ) 1754 1755
14 Ti40.2Al53.4Nb6.4 47 L→L+α 1726 1767
L+α→L+α+γ 1698 1751
L+α+γ→(α+γ) 1693 1747
15 Ti38.0Al55.9Nb6.1 20-40 L→L+γ 1740 1754
L+γ→γ – 1743
3.2.2 Alloys on the 5 at.% Nb isopleth
Figure 3.5 depicts selected heating curves for two samples with nominal 5
at.% Nb content and 49.5 to 50.7 at.% Al (nos. 5,7). On heating from the
α+γ two-phase field the intensity of the α phase reflections increases at ex-
pense of the γ phase. The γ phase completely disappears before melting,
indicating that the α single-phase field is approached and thus melting starts
within the L+α domain. For the Ti44.3Al50.7Nb5.0 alloy (no. 7) the α phase
fraction is gradually diminished from Ts = 1755 K until it is completely dis-
solved at Tl = 1775 K (Figure 3.5b). However, in the Ti45.7Al49.5Nb4.8 sam-
ple (no. 5), after a few seconds of melting, starting around Ts = 1768±15 K,
small, but well pronounced reflections of the β phase appeared. During melt-
ing, the intensity of the liquid and β continuously increase at the expense
of α, indicating a peritectic nature of the observed reaction.The α phase
is completely dissolved around 1778 ± 7 K, while the β reflections remain
up to the liquidus temperature Tl = 1788 K (Figure 3.5a). The existence
of L+β+α three-phase equilibrium between 1768–1778 K indicates that the
corresponding univariant line in the ternary Ti-Al-Nb system is reached,
which extends from the invariant peritectic reaction L+β→α at 1764 K in
the binary Ti-Al system [54].
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Figure 3.5 – Time evolution of the temperature (top) and EDXD spectra (bot-
tom) during heating of two alloys with about 5 at.% Nb: Ti45.7Al49.5Nb4.8 (a)
and Ti44.3Al50.7Nb5.0 (b). The Bragg peaks of the solid phases formed are
identified at the right side.
Figure 3.6 – SEM images in the back-scattered electron mode illustrate the
primary β dendrites of the Ti45.7Al49.5Nb4.8 alloy, ∆T = 10 K (a) in contrast
to the primary α dendrites of the Ti45.1Al49.9Nb5.0 alloy, ∆T = 90 K (b),
solidified during the last cycle of levitation experiments.
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Different solidification modes of both alloys are also confirmed by the
microstructural observations, presented in Figure 3.6. The microstructure
of the Ti45.7Al49.5Nb4.8 sample solidified at ∆T = 10 K (Figure 3.6a) ex-
hibits primary dendrites contrasted with severe segregation of aluminium
(dark phase) in the interdendritic regions. The niobium accumulation in
the centre of the dendrites (bright ripples) is a typical sign of a β→α solid
state transformation often used as a criterion for the β primary solidifica-
tion mode [80], which supports our in situ EDXD observations. The above
mentioned features are superposed with a characteristic lath structure re-
sultant from α→γ transformation at lower temperatures. The laths are
formed following the Blackburn orientation relationship [81] and preserves
their orientation through the dendritic structure.
The Ti45.1Al49.9Nb5.0 alloy solidified at ∆T = 90 K (Figure 3.6b) exhibits
α phase solidification. Accordingly, niobium accumulations in the centre of
the dendrites are absent and the α→γ transformation result in much thicker
lath, with orientation preserved only within specific dendrites.
The heating of the Al-rich Ti42.3Al52.6Nb5.1 alloy (no. 8) is illustrated
in Figure 3.7. Here the melting plateau starts from the α+γ two-phase
field at Ts = 1739 K. The γ phase reflections remain in the semi-solid state
for a few seconds, after which the temperature slowly increases and only α
phase reflections are observed until complete melting at Tl = 1758 K. The
L+α+γ three-phase field found at T = 1739 K evidences, that the sample
composition reaches the other univariant line, which extends from the second
peritectic reaction L+α→γ at 1729 K in binary Ti-Al. Unfortunately, the
influence of the texture on the peak intensities does not allow to conclude
about the nature of the three-phase reaction.
The change of the last melting phase from β to α, observed for an increase
of the aluminium content from 49.5 to 50.5 at.% in the series of alloys with
5 at.% Nb, indicates that the β/α domain boundary is close to 49.5 at.%,
reported for the binary Ti-Al system [54], while the solidus and liquidus
temperatures, as well as the temperatures of peritectic reactions, slightly
increase.
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Figure 3.7 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during heating of Ti42.3Al52.6Nb5.1 alloy. The Bragg peaks of the
solid phases formed are identified at the right side.
3.2.3 Alloys on the 10 at.% Nb isopleth
All selected alloys with nominally 10 at.% Nb (no. 4,9–11) exhibited primary
β solidification. For the Ti46.1Al43.9Nb10 alloy (no. 4), solidification is com-
pleted via the β single-phase field (similar to alloy no. 3, Ti47.8Al43.5Nb8.7),
while with increasing aluminium content to 47.3–48.7 at.% Al (nos. 9,10)
the L–β–α univariant line is approached. These alloys exhibit a narrow β+α
two-phase field prior to melting with further signs of peritectic transforma-
tion within L+β+α three-phase field (similar to alloy no. 5). Hence, along
the L–β–α univariant line the peritectic L+β→α reaction extends from the
corresponding nonvariant reaction of binary Ti-Al system up to niobium
contents of 10 at.%.
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Figure 3.8 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during heating of Ti38.4Al51.3Nb10.3 alloy solidified at ∆T = 270 K.
A zoomed area marked on the intensity map shows the intensity evolution of
selected reflections during the melting.
Figure 3.9 – The SEM image in the back-scattered electron mode illustrate
aluminium segregation within the interdendritic region of the primary β phase
in the Ti38.4Al51.3Nb10.3 sample solidified at ∆T = 40 K during the last cycle
of levitation experiments.
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Figure 3.8 depicts a heating curve for the alloy with the highest alu-
minium content in this series, Ti38.4Al51.3Nb10.3 (no. 11). Evidently, the
overall melting behaviour is similar to the Ti45.7Al49.5Nb4.8 alloy (no. 5),
provided deep undercooling was reached before solidification, so that the
segregation in the sample was effectively reduced. To the contrast, the mi-
crostructure of this alloy solidified in the last cycle at ∆T = 40 K presented
in Figure 3.9 was formed via: L→ L+β→ L+β+α→ L+β+α+γ→ β+α+γ.
A similar solidification pathway was observed in all cycles with relatively
small melt undercooling (6 100 K), where the critical segregation level was
reached. In these cases the L+β+α+γ four-phase field was also revealed
upon heating, indicating that even small segregations remained are crucial
for the Ti38.4Al51.3Nb10.3 alloy. Such behaviour evidently results from the
close proximity of the alloy composition to the invariant point of four-phase
equilibrium.
3.2.4 Alloys on the 38 at.% Ti isopleth
The Ti38.4Al51.3Nb10.3 alloy (no. 11) discussed above also lies on the 38 at.%Ti
isopleth where two additional alloys, Ti37.6Al54.4Nb8.0 and Ti38.0Al55.6Nb6.1
(nos. 13 and 14, respectively), were investigated. This series of alloys ex-
hibits a change of primary solidification modes from β via α towards γ.
The melting behaviour of Ti37.6Al54.4Nb8.0 (no. 13), depicted on Fig-
ure 3.10, is qualitatively similar to Ti42.3Al52.6Nb5.1 (no. 8). However, while
the data obtained for the 5 and 6 at.% Nb alloys suffer from strong oscilla-
tions of the peak intensities during melting within the L+α+γ field, so that
no unambiguous conclusion on the nature of the reaction could be drawn, the
evolution of intensities in Ti37.6Al54.4Nb8.0 alloy shows a more smooth be-
haviour. It reveals a simultaneous decrease of the intensities of peaks from
both α and γ solid phases whereas the intensity from the melt increases.
This becomes more evident from the zoomed part of Figure 3.10, suggest-
ing a eutectic nature of the reaction observed. This implies that along the
L–α–γ univariant line the L+α→γ peritectic reaction in the binary Ti-Al
system changes into the univariant L→α+γ eutectic reaction in the ternary
Ti-Al-Nb system for niobium contents more than at least 5 at.%.
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Figure 3.10 – Time evolution of the temperature (top) and EDXD spec-
tra (bottom) during heating of the Ti37.6Al54.4Nb8.0 alloy solidified at ∆T =
215 K. The Bragg peaks of the solid phases formed are identified at the right
side. A zoomed area marked on the intensity map shows the intensity evolu-
tion of selected reflections during the melting.
Figure 3.11 – The SEM image in the back-scattered electron mode illus-
trates the remelted primary α dendrites surrounded by the γ dendrites in the
Ti37.6Al54.4Nb8.0 sample solidified at ∆T = 140 K during the last cycle of
levitation experiments.
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Figure 3.12 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during heating of Ti38.0Al55.9Nb6.1 alloy solidified at ∆T = 225 K.
The Bragg peaks of the solid phases formed are identified at the right side.
Figure 3.13 – The SEM image in the back-scattered electron mode illustrates
the primary γ phase in the Ti38.0Al55.9Nb6.1 alloy solidified at ∆T = 225 K
during the last cycle of levitation experiments.
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The microstructure of this alloy solidified at ∆T = 140 K, shown in
Figure 3.11, shows the primary α dendrites (bright phase), partly remelted
during the post recalescence period, embedded in the γ matrix. Note, that
different cooling conditions cause the variations of α→γ solid state transfor-
mation within the primary α dendrites from lath precipitation to massively
transformed γ grains.
Although, the data obtained for the Ti38.0Al55.9Nb6.1 alloy (no. 15)
are quite scarce, the observation of the solely γ phase during melting (Fig-
ure 3.12) together with the faceted γ grains observed in the microstructure
of this alloy solidified at ∆T = 225 K (Figure 3.13), which resembles the
as-cast microstructure, prove its γ solidification type.
3.3 Comparison with thermodynamic calculations
The results on the primary phases, formed during solidification, are sum-
marised in Figure 3.14 for all Ti-Al-Nb alloys studied with in situ EDXD in
this work, along with other experimental data available for the region rele-
vant to γ-based alloys [59, 60, 61, 62, 63, 64, 65]. These experimental data
for the liquidus surface, along with the other available data for the ternary
Ti-Al-Nb system, have been recently used for the critical reassessment by
Witusiewicz et al. [64].
The CALPHAD approach has been applied to model the Gibbs free en-
ergy of all individual phases as an optimal fit to the available experimental
data (see [64] and references therein). In contrast to the former thermo-
dynamic descriptions [57, 58], the liquidus surface calculated with the new
description adequately reflects the boundary between β, α and γ primary
solidification fields. The relevant four-phase equilibrium is characterised by
an invariant peritectic reaction at 1791 K (P2: L+β→L+β+α).
The observed solidification modes of 15 alloys are plotted in Figure 3.15
together with selected liquidus temperatures. The calculated slope of the
liquidus surface represented by the isotherms evidently reflects the exper-
imental findings, where Tl increases with decreasing aluminium and with
increasing niobium fraction, respectively. Moreover, the phases determined
by in situ EDXD prior to the beginning of the melting process of the par-
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Figure 3.14 – A survey of the experimental data on primary phase fields
[59, 60, 61, 62, 63, 64, 65] including the results of the present work compared to
the liquidus surfaces of Ti-Al-Nb system according to different thermodynamic
descriptions [57, 58, 64] projected onto the Gibbs triangle in the composition
region relevant for γ-TiAl-based alloys.
ticular alloy fit well with the calculated projection of the solidus surface
plotted in Figure 3.16.
Although the overall agreement is quite good, the experimental results
for two alloys do not exactly match with the phase diagram calculations. As
indicated with dotted line in Figure 3.15, the α solidification mode observed
for Ti45.1Al49.9Nb5.0 alloy (no. 6) suggests a slight bulging out of the α
against the β region compared to the calculated boundary.
Similarly, for the Ti38.4Al51.3Nb10.3 alloy (no. 11) the deviation between
the calculated phase sequence
L→ L+β → L+β+α → L+α → L+α+γ → α+γ,
and that one determined experimentally
L→ L+β → L+β+α → L+α → α
suggests a somewhat larger extension of the α single phase domain against
the α+γ two-phase region at compositions close to the invariant point of
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Figure 3.15 – The liquidus surface with corresponding isothermal lines pro-
jected onto the Gibbs triangle according to new description of Witusiewitcz et
al. [64] compared to the phases observed with in situ EDXD at liquidus with
corresponding temperatures.
the four-phase equilibrium (Figure 3.16). Hence, a proper description of the
compositional range around the region of the four-phase invariant reaction
still requires some variations of the model parameters.
For the rest of the alloy compositions the calculated transformation tem-
peratures involving the liquid phase are compared in Table 3.3 to the ex-
perimental values. Alloys with 43–46 at.% Al and 8 at.% Nb (nos. 1–4)
display complete solidification via the β phase and reasonably match to the
calculated solidus and liquidus temperatures. The complete α single phase
solidification of the Ti44.3Al50.7Nb5.0 alloy (no. 7) predicted by the phase
diagram calculation is also confirmed by the experimental findings. The
existence of the L+β+α three-phase field for the primary β solidification
alloys with 47.3–49.5 at.% Al and 5–10.5 at.% Nb (nos. 5,9,10) and the
L+α+γ field for primary α solidification alloys with 52.6–54.4 at.% Al and
5–8.4 at.% Nb (nos. 8,12–14) is adequately reflected as well. Furthermore,
the corresponding transition along the L–α–γ univariant line from the peri-
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Figure 3.16 – The solidus surfaces with corresponding isothermal lines
projected onto the Gibbs triangle according to new description of Wi-
tusiewitcz et al. [64] compared to the phases observed with in situ EDXD
at solidus with corresponding temperatures.
tectic L+α→γ to the eutectic L→α+γ reaction for a niobium content higher
than 5 at.% is properly reproduced by the calculations.
3.4 Conclusions
The in situ diffraction studies with high-energy X-rays from a synchrotron
source combined with the containerless electromagnetic levitation technique
have been applied to characterise phase transitions involving the liquid phase
for ternary Ti-Al-Nb alloys.
The results on the primary solidification modes delivered new reliable
data on the boundary of the α solidification domain with respect to neigh-
bouring β and γ domains, which have been used in a thermodynamic descrip-
tion of the ternary Ti-Al-Nb system [64]. For selected alloy compositions
the in situ EDXD measurements have been confirmed by conventional mi-
crostructure investigations. The experimental results agree well with the
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calculated liquidus and solidus surface of the new Ti-Al-Nb phase diagram
assessment. Moreover, direct experimental information on the nature of
reactions along the univariant lines has been provided, which can hardly
be obtained by other methods. Despite the shortcomings of the pyromet-
ric measurement of the temperature, the liquidus and solidus temperatures
determined upon heating agree rather well with the calculated values. Rea-
sonable accordance is found also with recent DTA data, even though the
applied conditions are significantly different. This is supposed to be a result
of a substantial homogenisation of the levitated samples during the post so-
lidification process at elevated temperatures prior to melting, facilitated by
low segregation levels obtained at solidification from deep melt undercooling.
Chapter 4
Solidification of undercooled
Ti-Al-Nb melts
4.1 Motivation
It was noticed earlier, that containerlessly processed samples tend to be
undercooled below the liquidus temperature Tl prior to nucleation. With the
increasing melt undercooling, the nucleation and growth of the metastable
phases could be preferred by thermodynamics and/or kinetics instead of
solid phases stable according to the equilibrium phase diagram.
In case of the near-equiatomic binary Ti-Al alloys, solely thermodynamic
consideration of the stability regions of β, α and γ phases suggests that at
adequately high undercooling all three solid phases may be accessed [82].
Table 4.1 – Literature data on solidification velocities of different primary
solidification phases in Ti-Al system, relevant for near-equiatomic alloys.
Valencia1989 Anderson1992 Hartmann2008
Primary phase ∆T , K ∆T , K V , m/s ∆T , K V , m/s
β 262–286 275 15–18 275 36
α 348 300 10–12 324 25
γdis – 330 10 360 10
γord – 150 0.5 125–160 0.5–2.5
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Figure 4.1 – Map of the thermodynamic phase selection hierarchy as func-
tion of temperature and composition, drawn with a Ti-Al phase diagram [54].
The shadowed area indicates the expansion of the β nucleation domain after
Anderson et al. [8].
From this standpoint for the primary β solidification domain below the T0
temperature of the β→α transformation the α phase would have a higher
solidification driving force. At very high undercoolings the γ phase, may
overplay both β and α phases if the nucleation temperatures are below
the T0 curve of β→γ transformation. However, the experimental results
on phase selection with undercooling reveal that kinetic preferences during
nucleation and/or growth prevail over thermodynamics [82, 8, 9]. Valencia
et al. [82] pointed out that the microstructure of the undercooled samples
suggests β to be the primary phase up to the maximum undercoolings (see
Table 4.1). Moreover, within the primary α solidification domain nucleation
of the metastable βmeta phase is possible, provided a critical undercooling is
reached. This findings were confirmed by Anderson et al. [8] who had used
the high time-resolution thermal analysis to resolve an additional thermal
event resulting from fast decomposition of the metastable βmeta phase into
the stable α phase within the rapid recalescence events. Based on these
results the authors reported a detailed map of the primary phase selection
in near-equiatomic Ti-Al as a function of temperature and alloy composi-
tion shown in Figure 4.1. They also made semiquantitative estimates of the
dendrite growth velocity, V , more recently revised by Hartmann [9]. For se-
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lected alloys solidifying with primary β and α phases a precise analysis gives
growth velocities at maximal undercooling twice as high as that reported by
Anderson et al. (Table 4.1). The reason for this is an angular shape of the
growth front observed with high-speed video camera at high undercoolings.
This specific shape should be taken into account during evaluation of the
growth velocity, otherwise giving underestimated values of V regardless of
the method used (see discussion in Section 4.4). For the primary solidifica-
tion of the intermetallic γ phase, both investigations reported the transition
from the ordered γord to disordered γdis growth as undercooling increases
beyond ∼ 150 K with the considerable change of the growth velocity.
The nucleation of the body-centred cubic β phase in a range, where the
hexagonal close-packed α has a higher volume free-energy driving force, can
be understood by the lower solid-liquid interfacial energy of the former, as
a consequence of its lower structure factor (see Chapter 1). Further, the
ordered γ phase possesses the larger entropy of melting and in turn higher
interfacial energy than that of α. The observed maximum undercoolings for
each phase, summarised in Table 4.1 are in agreement with predictions of
the nucleation theory. Obviously the reported growth rates indicate that the
solidification kinetics is also determined by the structure complexity giving
the highest values for β phase.
Microstructure evolution as function of melt undercooling has been stud-
ied as well. Valencia et al. deduced that with increasing undercooling the
amplitude of the alloy segregation decreased for β and α primary solidified
phases [82]. Furthermore, a very narrow solidification interval characteristic
for the primary γ phase also leads to vanishing segregation, especially in the
microstructure obtained at high undercooling [9].
In the present chapter the effect of undercooling on phase selection is
studied for the selected alloys of the Ti-Al-Nb ternary system. For the equi-
librium mode of the investigated alloy compositions please see the Table 3.3
in the Chapter 3. Although useful information is gained from the in situ
X-ray diffraction experiments, it is rather limited with regard to the time
resolution. Thus, the presence of the intermediate stages during solidifica-
tion from deeply undercooled melts is derived from the high time-resolution
data obtained with photodiode. Further, the microstructure evolution and
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solidification kinetics as functions of melt undercooling are investigated for
non-peritectic alloys of β solidification type.
4.2 Primary phase selection as a function of melt
undercooling
4.2.1 β solidification domain
Non-peritectic alloys with 8–10 at.% Nb
Figure 4.2 depicts a characteristic cooling curve of the Ti45.4Al46.4Nb8.2 alloy
(no. 2) solidified from ∆T = 240 K. The EDXD spectrum, taken during the
recalescence contains solely reflections of the β phase. The solidification
of the rest liquid is apparently completed at about 1785 K. The α phase
reflections first appear around 1745 K, evidently standing for the β→α solid
state transformation. The rather narrow β+α two-phase region ends at
∼1650 K. Subsequently, the α→γ transition begins at 1530 K, resulting
in a well observable plateau. This sequence of the phase transformation
corresponds to the equilibrium one (see Table 3.3).
Back to the primary phase selection during the recalescence no signs of
transient phase have been observed when measured with high time-resolution
as well. Typical photodiode curves obtained on a sample within the same
composition range, shown in Figure 4.3a, display one smooth rise of the
temperature regardless of undercooling. The maximum temperature reached
during recalescence monotonically declines with increasing undercooling down
to Ts at ∆Tmax ≈ 320 K (Figure 4.3b). Note, that the maximum undercool-
ing measured in this work approaches the hypercooling limit ∆T ≈ 327 K
reported by Egry et al. [67].
Likewise, all non-peritectic alloys with 43–46 at.% Al and 8–10 at.% Nb
(nos. 1–4) solidify via the β phase with no influence of melt undercooling on
the primary phase selection.
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Figure 4.2 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during solidification of Ti45.4Al46.4Nb8.2 alloy (no. 2) undercooled to
∆T = 240 K. The Bragg peaks of the solid phases formed are identified at the
right side.
Peritectic alloys in the vicinity of α solidification domain
As the aluminium content is increased, such that the alloy compositions
reach the peritectic plateau, the time interval of solely β phase existence,
referred to as the “β residence time”, ∆tβ, is expectedly reduced. Although
the exact values of ∆tβ are dependent on the external cooling rates, which
are not exactly the same through the levitation experiments, this tendency
is concluded for all peritectic alloys studied as discussed below.
As it is shown in Figure 4.4a for the Ti45.7Al49.5Nb4.8 alloy (no. 5) at
moderate melt undercooling of ∆T = 130 K reflections of the β phase are
observed only in a spectrum taken within the immediate region of the re-
calescence event. The very next spectrum already contains the α phase
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Figure 4.3 – Selected photodiode signals (a) and survey of the characteristic
temperatures (b) measured during recalescence in the series of undercooling
experiments for the Ti45Al45Nb10 alloy.
reflections, while the sample obviously enters the L+β+α three-phase field.
In the shown experiment cycle the peritectic reaction is incomplete and the
rest of the β phase undergoes a β→α solid state transformation. Further
transformations are similar to the non-peritectic alloys: the sample passes
through the α single-phase field until the γ phase precipitates at temper-
atures around T ≈ 1625 K. At high melt undercooling of ∆T = 305 K,
the only reflections observed in the spectrum taken during recalescence are
those of the α phase without clear sign of the β reflections (Figure 4.4b).
On the other hand, high time-resolution thermal data, obtained during
complementary experiments on samples within the same composition range,
indicate that the observed α phase is not the primary phase but a transfor-
mation product. The photodiode signal of the Ti45Al50Nb5 alloy presented
in Figure 4.5 reveals a transition from one-step to two-step recalescence
as undercooling is increased, whereas the two events appear as one in the
pyrometer trace. A double recalescence indicates that the primary formed
phase undergoes a transformation causing a 2nd temperature rise. An overall
analysis shows that the maximum temperature reached at 1st recalescence,
Tr1, monotonically decreases with rising undercooling, while the temper-
ature reached after the 2nd recalescence, Tr2, is constant and well below
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Figure 4.4 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during solidification of Ti45.7Al49.5Nb4.8 alloy (no. 5) undercooled to
(a) ∆T = 130 K and (b) ∆T = 305 K. The Bragg peaks of the solid phases
formed are identified at the right side.
the equilibrium liquidus temperature. Furthermore, the estimated value of
Tr2 = 1762 K fairly corresponds to the border between L+β and L+β+α
phase fields.
Taking into account the preferred nucleation of the bcc over hcp phase
discussed above, the formation of the primary β phase could be concluded
for all undercooling levels. At lower undercooling the β→α transformation
observed with EDXD (see Figure 4.4a), obviously, does not release enough
heat to be detected as a well defined thermal event. Since the maximum
temperature reached during primary recalescence decreases with increasing
undercooling at ∆ T & 125− 150 K it approaches the L+β+α range where
the sample is sufficiently undercooled with respect to α to allow the β→α
transformation, resulting in the fast double recalescence. With increasing
melt undercooling the driving force for this transformation adequately in-
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Figure 4.5 – Selected photodiode signals (a) and survey of the characteristic
temperatures (b) measured during recalescence in the series of undercooling
experiments for Ti45Al50Nb5 alloy.
creases. As a result, the β residence time, ∆tβ, rapidly decreases with
increasing melt undercooling (Figure 4.6). At ∆T = 300 K for alloys with
about 50 at.% Al and 5 at.% Nb ∆tβ is of the order of milliseconds. On this
basis, the absence of the primary β phase reflections in the EDXD spectra
of 1 second resolution could be explained.
Similar results were obtained for Ti38.4Al51.3Nb10.3 alloy (no. 11): the
EDXD experiment does not show any sign of β phase at high ∆T , while
the double recalescence observed at similar composition clearly indicates
the β→α transition.
The class of hypoperitectic alloys with lower aluminium content, situ-
ated on the opposite side of the peritectic valley, also exhibits a decrease
of the β residence time with undercooling (see data for Ti40Al50Nb10 alloy
in Figure 4.6). However, its absolute values are some orders of magnitude
higher than that of hyperperitectic compositions. Consequently, in alloys
of this class with 47.3–48.7 at.% Al and around 10 at.% Nb (nos. 9,10) the
EDXD spectra reveal primary β phase up to the maximum undercoolings
reached ∆T = 310 K.
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Figure 4.6 – Residence time of the β phase as a function of melt undercooling.
4.2.2 α and γ solidification domains
All alloys of α solidification type investigated with the in situ X-ray diffrac-
tion (nos. 6-8,12-14) displayed no change in the primary phase selection
with undercooling. Figure 4.7 illustrates the typical cooling curve of the
Ti42.3Al52.6Nb5.1 alloy (no. 8) solidified from ∆T = 195 K. The EDXD spec-
trum taken during recalescence contains α phase reflections. However, the
high time-resolution analysis of recalescence event, done on the alloys of
similar compositions (Figure 4.8), revealed the double recalescence event
above a critical undercooling. This event is attributed to the metastable
formation of the βmeta phase, by analogy with the binary system [82, 8] (see
also Figure 4.1), and exhibits a comparable residence time of the order of
milliseconds. The sign of this transition is still found at higher aluminium
concentrations up to the 54±1 at.% Al (Figure 4.8) for alloys with 5 at.%
Nb. Note that both β→α and α→γ transformations are only resolved with
photodiode, while pyrometer delivers one smooth temperature rise.
No change of the primary phase selection with undercooling has been
detected for a γ solidifying Ti38.0Al55.9Nb6.1 alloy (no. 15).
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Figure 4.7 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during solidification of the Ti42.3Al52.6Nb5.1 alloy (no. 8) undercooled
to ∆T = 195 K.
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Figure 4.8 – High-time resolution data of the recalescence process in the
Ti41Al54Nb5 alloy undercooled to ∆T = 310 K at milliseconds (a) and seconds
(b) scale.
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4.3 Microstructure of undercooled samples
In general, the microstructure peculiarities for each of the primary solidifica-
tion phase categories previously reported for the binary Ti-Al system [82, 8]
are similar to that observed in ternary Ti-Al-Nb alloys.
4.3.1 β solidification domain
Non-peritectic alloys with 8–10 at.% Nb
At low undercoolings the room-temperature microstructure of non-peritectic
alloys subjected to gas cooling with moderate cooling rates of about 20 K/s
resembles the as-cast microstructure of Ti46Al46Nb8 alloy discussed in Chap-
ter 3. It is known that the α→γ solid state transformation is diffusion
controlled [83]. Thus, for the given composition region, with relatively low
α-transus temperature, precipitation of the γ phase from the α matrix could
be efficiently suppressed, providing cooling rates are sufficiently high. By
quenching of the Ti46Al46Nb8 alloy onto a substrate mounted below the lev-
itation coil the cooling rate was sufficiently enhanced to retain a metastable
α2 phase. The sample quenched from ∆T = 100 K clearly demonstrates
a well developed dendritic structure implying considerable segregation of
aluminium during solidification (Figure 4.9a). As undercooling increases
the segregation amplitude decays and for ∆T & 250 K no composition in-
homogeneity connected to the solidification of the primary β phase could be
detected (Figure 4.9b).
Figure 4.9 – The SEM image in the back-scattered electron mode of mi-
crostructure of the Ti46Al46Nb8 alloy quenched onto substrate from ∆T =
100 K (a) and 300 K (b).
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The transition to partitionless growth, resulting in a uniform microstruc-
ture of the nominal alloy composition, suggests a change of the growth
mode at a critical undercooling. For the alloys with 46 at.% Al and about
8 at.% Nb it is estimated to be around ∆T ∗ = 200 − 250 K. These results
represent experimental evidence for the theoretically predicted transition of
the growth mode from solute diffusion controlled to thermally controlled
if undercooling drives the velocity of the solid-liquid interface above the
diffusive velocity VD in a bulk liquid, so that complete solute trapping is
achieved.
4.4 Growth kinetics of the primary β phase
Dendrite growth velocity as a function of melt undercooling
The detailed analysis of the growth kinetics for the β primary solidification
phase has been done for an alloy with about 46 at.%Al and 8 at.%Nb using
high-speed video camera in collaboration with DLR Köln.
Figure 4.10 shows a high-speed video sequence acquired during solidi-
fication of a Ti46.1Al45.9Nb8 alloy at different undercooling levels. At low
undercooling, despite the visible roughness of the growth front, the solidifi-
cation proceeds essentially isotropically, starting from the nucleation point
at the bottom of the sample (Figure 4.10a). At high undercooling the ob-
served solidification front is smooth (Figure 4.10b). However, it proceeds
anisotropically, showing an angular shape. This anisotropy of the growth
front, presumably reflects the cubic symmetry of the β phase that is formed
from the undercooled melt.
To evaluate the growth velocity from the video sequences, the contours
of the growth front, visible on the sample surface in a given image, were
compared with the modelled contours of the growth front. At small under-
cooling, contours observed were adequately modelled under the assumption
that a spherical envelope of the solidification front propagates isotropically
from the nucleation point on the sample surface into the undercooled liquid
(Figure 4.10a). The detailed procedure described in Ref. [84] also accounts
for the tilt angle between the axis of the growth and the projection plane. In
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Figure 4.10 – Sequence of high-speed video data recorded during the recales-
cence of a Ti46.1Al45.9Nb8 sample at low ∆T = 105 K (a) and high ∆T = 320 K
(b) undercooling levels (dark region is undercooled liquid; light region is solid)
and corresponding visualisation of the solidification front shape with the spher-
ical and bipyramidal models [9]. Note, that a transparent liquid allows to see
the surface of the growing solid phase, while the video camera always observes
the propagation of the corresponding contours on the surface of spherical sam-
ple.
case of the anisotropic growth observed at higher undercoolings the shape of
the growth front was approximated by a regular bipyramid (Figure 4.10b).
The contours of the growth front additionally depend on the tilt angle of
the fastest growth direction (main axis of the pyramid) against the vec-
tor pointing to the centre of the sphere. Moreover, different from the case
of isotropic growth [84], the solidification is still not completed, when the
growth front (in the fastest growth direction) reaches the opposite side of
the sample. Details about evaluation of the anisotropic growth front could
be found in Refs. [9, 85]. Note, that the experimental techniques, which
do not distinguish between isotropic and anisotropic growth, are bound to
deliver underestimated growth velocities in the latter case. The above cited
methods connect the distance observed in the projection plane with the ac-
tual distance, ∆s, travelled by the growth front (in the fastest direction for
the anisotropic front) within a given time interval, ∆t. The growth velocity
is then calculated from v = ∆s/∆t.
Typically, an average growth velocity, measured from the first visible
occurrence of the growth front until full coverage of the image, provides
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Figure 4.11 – Growth velocity as a function of undercooling determined from
the high-speed video sequences for Ti46.1Al45.9Nb8 alloy at different stages of
solidification.
reasonable accuracy [9]. However, the growth velocity determined in this
way for the Ti46.1Al45.9Nb8 alloy at different undercooling levels, shown
in Figure 4.11, delivers large scatter for ∆T & 190 K, which is outside
the experimental error limits. To the contrast, growth velocities measured
at the beginning of solidification, before the growth front travelled 50% of
the sample diameter, are considerably higher (Vmax = 50 m s−1, ∆Tmax ≈
320 K) and exhibit much less scatter. This implies that in the observed case
the assumption of the steady-state growth velocity could only be applied for
the first step of solidification, while at the end of solidification the growth
velocities are considerably lower.
Dendrite growth modelling
The experimental results on solidification kinetics are analysed within an
extended sharp interface model of the dendrite growth. As it is shown
in Figure 4.12 a reasonable quantitative description of the kinetic data is
possible if the conditions of local equilibrium at the interface are relaxed
by assuming an interface undercooling and a velocity-dependent partition
coefficient (VD → ∞). However, in order to account for the transition to
diffusionless solidification, deduced form the microstructure, the local non-
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Figure 4.12 – Comparison of the experimental data on growth kinetics in
the Ti46.1Al45.9Nb8 alloy with the predictions of sharp interface model with
assumption of the non-equilibrium conditions at interface (dashed line) and at
interface and in a bulk liquid (solid line) (a). For better comparison at low
undercooling the logarithmic scale is also presented along with the undercooling
dependence of the dendrite tip radius (b).
72 Solidification of undercooled Ti-Al-Nb melts
equilibrium should be assumed in the bulk liquid as well. In this formu-
lation the transition from the solutal and thermal to thermal dendrites is
adequately introduced if the solidification velocity exceeds the solute diffu-
sion speed in a bulk liquid, V > VD, with the VD ≈ 20 m s−1 as derived
from the critical undercooling of ∆T ∗ ≈ 250 K at which the microstructure
transition is observed.
Note, that kinetic data do not exhibit clear implication of the transi-
tion to a thermal growth mode, which in many systems is observed to be
accompanied by the sharp breaks in the V vs. ∆T and R vs. ∆T relation-
ships at V = VD [86, 87, 9]. However, in case of β phase solidification in
the Ti46.1Al45.9Nb8 alloy the interplay of the material parameters “hides”
the transition, otherwise clearly observed in microstructure. Of most impor-
tance with respect to solute trapping are the atomic diffusive speed VDI , the
bulk diffusion speed VD, and the chemical diffusion coefficient Dl. On the
other hand, since at high ∆T the contribution of the kinetic undercooling
prevails, the value of the interfacial kinetic coefficient µk and its anisotropy
εk may also dictate the kinetic behaviour. Strong anisotropy of the kinetic
coefficient could be a reason for the angular growth front observed at high
undercooling. Complementary experiments, including other alloy systems,
are needed to be done in order to clarify this issue.
4.5 Conclusions
The non-equilibrium solidification of the ternary Ti-Al-Nb system has been
studied on undercooled levitated samples by combination of the in situ X-
ray diffraction and high-time resolution thermal analysis.
The alloys of β primary solidification type do not show a change of the
primary phase with undercooling. A remarkable fact, however, is that the
residence time of the primary β phase is substantially reduced with increas-
ing undercooling and for hyperperitectic alloys it is comparable with the
residence time of the metastable βmeta phase, found within the solidification
regime of the α equilibrium phase, similar to that observed in binary Ti-Al
system [8]. Moreover, the βmeta nucleation domain extends with addition of
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5 at.% Nb to 54 at.% Al.
An overall analysis of the microstructure of the investigated ternary Ti-
Al-Nb alloys confirms the tendency of reduced segregation with increasing
undercooling. For the Ti46Al46Nb8 alloy the transition to diffusionless so-
lidification is inferred from the homogeneous microstructure obtained at
∆T & 250K. This result has been incorporated into a dendrite growth
model, which delivered an adequate description of the kinetic data.

Chapter 5
Solidification of undercooled
Al-Ni melts
“Chemistry without catalysis would be like a sword without handle,
a light without brilliance, a bell without sound.”
Alwin Mittasch
5.1 Motivation
As emphasized in the introduction part, catalysts play an important role
in the value chains of the chemical industry. They are employed in more
than 85% of all chemical processes, since they could alter the mechanism of
a chemical transformation or synthesis, providing different transition states
and lower activation energy. According to the second law of thermodynam-
ics the catalyst does not change the extent of a reaction; it affects the rate
of both the forward and the reverse reaction having no effect on the chem-
ical equilibrium. The catalyst decreases the kinetic barrier by reducing the
difference in energy between starting material and transition state enabling
reactions that would otherwise be blocked or slowed kinetically.
Presently, the majority of all technical catalytic processes utilises hetero-
geneous catalysis. The chemical reaction takes place directly on the surface
of a solid catalyst and is mostly limited by the transport of reactants and
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Figure 5.1 – Microstructure of Al68.5Ni31.5 alloy: (a) coarse (200 µm diame-
ter) and (b) fine (less than 20 µm) gas atomized powder.
products. However, the probability that a reactant molecule will come in
contact with the catalyst surface and is absorbed, strongly depends on the
catalyst surface area. In this regard, high catalytic activity of the so called
“skeletal” or “sponge” metal catalysts is governed by their high specific sur-
face areas (10 to 100 m2g−1) obtained for example by chemical dissolving
and removing (leaching) of the non-active Al component from the metal-
aluminum alloys.
One of the most common skeletal catalyst is the nickel catalyst, indus-
trially produced from aluminium alloys that contain 40–50 wt.% Ni. The
most frequently used 50 wt.% Ni composition, however, remains unchanged
since 1926 [88], as it was found by Murray Raney employing rather “al-
chemical methods” [89]. This reflects the fact that the performance of the
final catalyst is very sensitive to the alloy composition of precursor material.
Under conventional production it is prepared by quenching of the molten
alloy into water with subsequent crushing and sieving to powders of different
size fractions. In this case the quenched microstructure remains the same
through all powder sizes and typically consists of the intermetallic Al3Ni2
and Al3Ni phases with some frozen L→Al3Ni+α(Al) eutectic. When sub-
jected to leaching in sodium hydroxide solution (NaOH) each phase reacts
quite differently: the eutectic material leaches more rapidly than Al3Ni,
which, in turn, leaches much more rapidly than Al3Ni2. Apparently, the
50 wt.% Ni alloy, represents a composition that is a compromise between
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the readily leached Al3Ni, which produces mechanically weak catalysts, and
Al3Ni2, which is more difficult to leach but forms a strong residual skeleton.
However, the volume fraction and the composition of constituent phases
depends not only on the given Al:Ni ratio, but also on the solidification
conditions applied during the preparation of the precursor alloy. A very
efficient process, in this regard, is the gas atomization, which allows a con-
tinuous variation of microstructures. In this technique a liquid stream of a
molten alloy is disrupted by high velocity gas to produce a spray of droplets,
rapidly solidified during fall into amorphous and/or crystalline powders (Fig-
ure 5.1). Compared to the conventional cast-and-crush techniques gas at-
omization yields very small and spherical powders with diameters ranging
from less than 1 µm to about 500 µm, along with considerably refined mi-
crostructures. Moreover, the structural features become finer as the powder
size is reduced. The size distribution of the atomized powder particles de-
pends on processing parameters, as well as the composition, density, and
viscosity of the material to be atomized. The solidification in this case pro-
ceeds from deeply undercooled melts, since the heterogeneous nucleation
places are localised, while the cooling rates are considerably increased by
the fast radiative cooling of small droplets. Strongly non-equilibrium solidi-
fication conditions lead to significantly refined microstructures and, thus, to
the increased catalytic activity of resultant Ni catalyst.
Hence, an understanding of the microstructure evolution during the gas
atomization process is an important step towards the control and improve-
ment of the performance of the final catalyst. During the atomisation the
abundance of the generated droplets of extremely small diameters restricts
the direct investigation of solidification of an individual droplet. Moreover,
it is always subjected to the coupled influences of melt undercooling and
cooling rate. These limitations can be overcome by levitation experiments,
where specific undercooling levels are accessible in bulk samples of several
millimetres in diameter. A direct verification of the solidification pathway
in series of electromagnetically levitated Al-Ni alloys by means of in situ
high-energy X-ray diffraction is the scope of the current chapter.
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5.2 Al-Ni phase diagram
The Al-rich corner of the equilibrium Al-Ni phase diagram along with the
crystal structure of constituent phases is shown in Figure 5.2 and Table 5.1,
respectively. For the solidification of the skeletal nickel catalysts most rele-
vant is the region of 18–31.5 at.% Ni, characterized by two cascading peri-
tectic reactions: AlNi+L→Al3Ni2 at Tp1 = 1406 K, Al3Ni2+L→Al3Ni at
Tp2 = 1127 K, and an eutectic reaction L→Al3Ni+α(Al) at Te = 914 K.
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Figure 5.2 – Part of the Al-Ni phase diagram according to Dupin et al. [90].
Dashed: the metastable extension of the liquidus line of Al3Ni2. Bar: extension
of the existence range of the metastable decagonal phase [91].
The phase diagram suggests that under equilibrium solidification con-
ditions, the Al3Ni2 phase is the primary phase for the alloys with 18–
25 at.% Ni, whereas for the Al68.5Ni31.5 (Al-50 wt.%Ni) alloy the AlNi phase
is formed primarily and subsequently transforms into Al3Ni2 at the peritec-
tic temperature Tp1. The final transformation step in both cases involves the
formation of Al3Ni at the second peritectic temperature Tp2. The solidifica-
tion pathway during casting process strongly deviates from the equilibrium
one, discussed above. The considerable segregation of aluminium is illus-
trated in Figure 5.3 with a compositional contrast of the SEM image of
the as-cast Al68.5Ni31.5 material. According to the EDX analysis, the light
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Table 5.1 – Designations and the crystal structure data of phases in the Al-
rich corner of the Al-Ni phase diagram [90].
Phase Pearson symbol Space group Structure
(Al) cF4 Fm3m A1
Al3Ni oP16 Pmma D011
Al3Ni2 hP5 P3m1 D513
AlNi cP2 Pm3m B2
grey dendrites of a composition of ∼41 at.% Ni and the surrounding typical
peritectic shell of the dark grey phase containing ∼25 at.% Ni are identi-
fied as Al3Ni2 and Al3Ni phases, respectively. The low nickel content of
the interdendritic region proves that the alloy composition, reached during
solidification, allows the eutectic reaction L→Al3Ni+α(Al). No sign of the
residual AlNi phase is detected in the microstructure.
In principle, the conventional X-ray diffraction, presented in Figure 5.4,
confirms these findings. However, these methods could fail to detect a small
amount of AlNi phase, since both the composition difference and the dif-
ference in positions of the diffraction peaks from AlNi and a major Al3Ni2
phase are smaller or of the order of the experimental resolution.
Figure 5.3 – The SEM image in the back-scattered electron mode of the
microstructure of as-cast Al68.5Ni31.5 alloy.
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Figure 5.4 – The X-ray diffraction pattern of as-cast Al68.5Ni31.5 alloy.
Metastable phases
When considering the solidification from a deeply undercooled melt the pos-
sibility of the metastable phase formation should be taken into account.
First of all, below the metastable extension of the liquidus lines of the Al3Ni2
and Al3Ni phases their nucleation could be promoted (Figure 5.2). But the
complexity of both structures, in general, should result in higher surface
energies than that of corresponding stable phases.
Furthermore, the binary alloy systems of aluminium with 3d metals are
known to form the metastable quasicrystalline phases [91, 92]. For the Al-
Ni system formation of a metastable decagonal quasicrystalline phase (D-
phase), under rapid solidification conditions, has been first reported by Li
and Kuo in 1988 [93]. Direct formation of the D-phase from the under-
cooled melt was also reported for Al-Co system [94]. In the corresponding
ternary Al-Ni-Co system the very same D-phase is effectively stabilised and,
as a result, has been studied more thoroughly [91, 92, 95].
Unlike the icosahedral structures, quasiperiodic in three dimensions, the
structures of decagonal symmetry are periodic along one axis (with the unit
cell thickness of ∼ 0.4 nm) and quasiperiodic in the perpendicular plane
having tenfold rotational symmetry, as it is revealed by the electron diffrac-
tion imaging reproduced in Figure 5.5. D-phases of different periodicity
5.2 Al-Ni phase diagram 81
Figure 5.5 – Electron diffraction patterns obtained from a decagonal phase
in Al80Ni20 along the twofold axis (a) and along the perpendicular tenfold axis
(b) reported in [93]
have been obtained by rapid quenching for compositions ranging from 10 to
35 at.% Ni (see Figure 5.2). Pohla and Ryder [96] discussed the possible
composition of the D-phase to be within 24–30 at.% Ni. These estimates
are quite close to the value Al69Ni31, obtained by extrapolation from the
region of stability of the ternary D-phase in the system Al-Ni-Co made by
Grushko et al. [95], placing it in between the orthorhombic Al3Ni and the
hexagonal Al3Ni2 equilibrium phases.
Based on the similarity of some stable crystalline phases and metastable
quasicrystals observed in diffraction studies, the former are considered as ap-
proximants build up from the same structural elements (clusters of atoms),
which could be arranged in a quasiperiodic manner during non-equilibrium
solidification. In this regard, the Al3Ni2 phase is discussed as a possible
approximant, since its vacancy ordered cubic description shows structural
relationship to the D-phase [97, 98].
A metastable monoclinic Al9Ni2, isostructural to the Al9Co2 phase, was
also reported for alloys with 10–15 at.% Ni [93, 99, 95, 96].
Both the quasicrystalline D-phase and Al9Ni2 phase were detected in
rapidly solidified samples. The precondition of their formation was linked to
deep melt undercooling, achieved, for example, in a splat cooling process [96].
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5.3 In situ X-ray diffraction data
5.3.1 The Al68.5Ni31.5 alloy
The typical solidification behaviour of an undercooled Al68.5Ni31.5 melt, de-
termined with in situ X-ray diffraction, is illustrated in Figure 5.6. Prior
to the nucleation event the diffuse intensity maxima in the range of wave-
vectors 2.5 Å−1 < Q < 3.5 Å−1 resulting from the melt, indicates that
the sample was undercooled below the Tl = 1604 K to a temperature of
Tn = 1375 K. The spectrum taken during the subsequent recalescence con-
tains distinct reflections of the AlNi phase. Their intensity proceeds to
grow, as cooling is continued. When the first peritectic temperature Tp1
is reached, a short thermal arrest, correlated with the simultaneous ap-
pearance of reflections of the Al3Ni2 phase, is observed. Unfortunately,
the reflections of the Al3Ni2 phase overlap with those from AlNi making it
impossible to track its further development. In this regard the next con-
siderations are proposed. First, the fraction of AlNi phase solidified during
recalescence, estimated as not more than fs = ∆T/∆Thyp = 0.41, with
hypercooling ∆Thyp = ∆Hf/Cp. Second, within the considered tempera-
ture interval, including Tp1, the compositions of Al3Ni2 and the AlNi phases
have a composition difference of approximately ∼ 1 at.%, and, thus, the
structural rearrangements would not require severe long distance diffusion.
Third, the duration of the thermal arrests observed for this transformation
on cooling and on heating are well comparable. Hence, it is reasonable to
conclude that the AlNi phase undergoes complete transformation via the
AlNi+L→Al3Ni2 peritectic reaction. On further cooling the slight increase
of the Al3Ni2 reflection intensities evidences gradual growth of its volume
fraction at expense of the residual melt. The 2nd recalescence event, ini-
tiated 115 K below Tp2 at Tn2 = 1012 K, indicates the nucleation of the
Al3Ni phase, the numerous reflections of which appear in the corresponding
diffraction spectrum. The maximum temperature reached during recales-
cence does not exceed Tp2. Although, the Al3Ni phase is evidently formed
in the course of the Al3Ni2+L→Al3Ni peritectic reaction (see Section 5.4),
the remaining intensity of the Al3Ni2 reflections proves that this reaction is
incomplete. Note, that on heating, the decomposition of the Al3Ni phase
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Figure 5.6 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during solidification of a Al68.5Ni31.5 melt undercooled to ∆T = 230
K. The Bragg peaks of the solid phases formed are identified at the right side
in the sequence of solidification. To recognize the undercooling of specific
transformations the heating part of the cycle is shown as well.
starts exactly at the peritectic temperature Tp2.
A small but pronounced temperature plateau, observed at Te, indicates
that some residual melt (considerably enriched with aluminium) is retained,
enabling the L→Al3Ni+α(Al) eutectic reaction. Due to its small volume
fraction, the reflections of the the resultant α(Al) phase can only be detected
if several spectra are integrated (see the right panel of the Figure 5.6).
Primary phase selection
A trend of the maximum temperatures measured during the 1st recalescence
in a series of solidification cycles for Al68.5Ni31.5 is presented in Figure 5.7 as
a function of melt undercooling. With increasing undercooling the recales-
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Figure 5.7 – A trend of the maximal temperatures Tr reached during 1st
recalescence as a function of melt undercooling obtained in a series of under-
cooling experiments on the Al68.5Ni31.5 alloy. Here Tn is the corresponding
nucleation temperature.
cence temperature declines monotonically, although already at ∆T = 90 K
the nucleation takes place below the estimated metastable liquidus of Al3Ni2
phase. At ∆Tmax = 320 K, the recalescence heats the sample up to Tp1.
A detailed examination of the in situ X-ray diffraction data during pri-
mary phase formation in Al68.5Ni31.5 at different undercoolings is illustrated
in Figure 5.8. As long as the maximum temperature of the 1st recalescence
exceeds the peritectic temperature (Tr > Tp1), the diffraction patterns of
the primary AlNi phase are clearly distinguishable (at ∆T = 185 K and
∆T = 225 K). At melt undercooling higher than ∆T = 315 K the recales-
cence temperature is equal to peritectic temperature (Tr = Tp1), and Al3Ni2
phase reflections are observed immediately in the very first diffraction spec-
trum. Again, because of the overlapping reflections there is no realistic
chance to judge unambiguously the presence or absence of the AlNi in pres-
ence of Al3Ni2 phase. However, the pronounced plateau on the temperature-
time profile suggests that the peritectic reaction/transformation still takes
place implying formation of AlNi at a previous step. For more definite con-
clusion, the time resolution needs to be increased.
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Figure 5.8 – Primary phase selection during solidification from different un-
dercooling levels ∆T = 185 K, 225 K and 315 K of the Al68.5Ni31.5 alloy. The
temperature-time profile (top) is synchronized in time with the EDXD spectra
(bottom). The Al3Ni2 and Al3Ni phase reflections are assigned (bottom right).
To the solidification kinetics
The solidification kinetics in the Al-Ni system was recently studied by As-
sadi et al. [84]. It has been shown that for the wide homogeneity range of
the AlNi phase the dendrite growth velocity, V, measured as a function of
undercooling, exhibits sluggish kinetics typical for intermetallics. A remark-
able fact, however, is that the growth velocity of AlNi phase monotonically
decays with decreasing nickel content from 74.1 to 30.5 at.%. This effect is
explained within the sharp interface solidification model and later on, within
the phase-field model [100], provided that kinetic effects, such as solute and
disorder trapping, are properly taken into account. The authors concluded,
that for alloys with high initial chemical order (near-stoichiometric compo-
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Figure 5.9 – High-time resolution temperature data of 1st recalescence events
during solidification of the undercooled Al68.5Ni31.5 melt (top) and estimated
growth velocity of the primary phase as function of the undercooling (bottom).
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sitions) a partial disorder trapping causes at similar growth velocities larger
interfacial undercooling than that of alloys with more than 50 at.% Ni (off-
stoichiometric compositions). At the same time, for alloys with less than 50
at.% Ni, the growth behaviour of the AlNi phase is claimed to be governed
by element partitioning. For the sample with the lowest nickel content,
Al69.5Ni30.5, investigated by Assadi et al. [84], the reported growth velocity
around 0.2 m/s at ∆T ≈ 270 K, was found to be too slow compared to the
∼1.5 m/s at similar ∆T reported for the nearest investigated Al58.6Ni41.4 al-
loy. It was speculated, that observed undercoolings were adequately high to
form the Al3Ni2 phase primarily and these few data points were not further
discussed.
Nevertheless, as it is shown in Figure 5.9, the published growth veloc-
ities of Al69.5Ni30.5 alloy are in a good agreement with those estimated in
the current work from the high-time resolution temperature data (see Chap-
ter 5) for Al68.5Ni31.5 alloy. This match implies that the AlNi phase is the
primary phase in both cases, at least for ∆T < 315 K. Moreover, although
our method provides a pour accuracy, manifested in the large scatter in the
velocity, it does reveal the unusual tendency: with an increase of the melt
undercooling above ∼100 K the growth velocity evidently decreases. More
recently, these findings were confirmed by precise velocity measurements
with the high-speed video imaging method [85]. The preliminary results
also show that similarly to the alloys with higher nickel content, the deter-
mined magnitude and undercooling dependence of growth velocity of the
AlNi phase for the alloys with ∼30 at.% Ni could be sufficiently explained
with the kinetic effects.
Metastable phase
In a few cases an alternative solidification pathway has been observed, as it
is presented in Figure 5.10. Again, the 1st recalescence from ∆T1 = 315 K
indicates the formation of AlNi phase which undergoes a peritectic transfor-
mation into Al3Ni2 at Tp1. However, below the second peritectic tempera-
ture Tp2 at ∆T2 = Tp2−T = 155 K, three distinct reflections of a metastable
phase (ms) appear. In the next spectrum their intensity evidently increases,
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Figure 5.10 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during solidification cycle of Al68.5Ni31.5 melt with the metastable
phase (ms) formation. The Bragg peaks of the solid phases formed are identi-
fied at the right side in the sequence of solidification. A zoomed area marked
on the intensity map shows the intensity evolution of selected reflections during
the short time interval when the metastable phase exists.
while the intensity of Al3Ni2 phase reflections slightly decreases (see zoomed
part of the spectra in Figure 5.10). Such behaviour implies formation of the
metastable phase via a peritectic type reaction, proceeding at almost con-
stant temperature Tms = 975 K. After about 3.5 seconds the growth is
interrupted by a 2nd distinct recalescence event ensuing from the formation
of equilibrium Al3Ni phase. The instant collapse of the intensity of the
metastable phase reflections within ∼ 0.2 seconds (together with further de-
crease of the Al3Ni2 reflections) suggests its rapid transformation into Al3Ni,
rather than remelting. The rest of the solidification path is similar to the
cycles without metastable phase formation.
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5.3.2 Alloys with 18–25 at.% Ni
The alloys with 18–25 at.% Ni, solidifying within the Al3Ni2 domain, do
not show influence of the melt undercooling on primary phase selection,
although the nucleation temperatures are well below the estimated Tmetal ,
where the formation of Al3Ni is thermodynamically viable. The latter phase
always forms during the second solidification step at certain undercooling
below Tp2 followed by a 2nd recalescence event.
In two undercooling cycles of the Al82Ni18 alloy, only one recalescence
event has been observed. However, since the spectrum, taken during re-
calescence, contains the reflections of both Al3Ni2 and Al3Ni phases, these
findings do not contradict to previous statement of primary Al3Ni2 forma-
tion. Evidently, for the given temperature range the nucleation probability
of Al3Ni phase is high. Nonetheless, in presence of Al3Ni2 phase the hetero-
geneous nucleation of Al3Ni on its surface in general should prevail over the
homogeneous nucleation in the melt.
Metastable phase
For this group of alloys the metastable phase, similar to that found in
Al68.5Ni31.5, was observed, as it is shown in Figure 5.11. Similar to the
previous observations, this phase is formed during the 2nd solidification
step, after primary nucleation and growth of the Al3Ni2 phase. The as-
sociated undercooling of the L + Al3Ni2 semisolid sample below Tp2 slightly
increases with decreasing nickel content, and in general falls into the range
of ∆T2 = 170 − 210 K. Apart from lower nucleation temperatures, the re-
markable difference from Al68.5Ni31.5 is the longer life time of the metastable
phase, of the order of 20 seconds, during which the clear indication of its
peritectic type formation mechanism from Al3Ni2 phase is evident. As it is
shown in the zoomed part for the Al82Ni18 alloy (Figure 5.11b), the inten-
sity of the reflections from the former phase considerably decreases within
∼ 8 seconds. Therefore, the delayed nucleation of Al3Ni phase could be
connected to the reduced surface area of the Al3Ni2 phase, and, as a conse-
quence, the decreased probability of heterogeneous nucleation. It also under-
lines the fact that the metastable phase does not provide efficient nucleation
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Figure 5.11 – Time evolution of the temperature (top) and EDXD spectra
(bottom) during solidification cycles of undercooled Al-Ni melts situated within
the Al3Ni2 primary solidification domain where the metastable phase (ms)
formation was observed: Al75Ni25 (a) and Al82Ni18 (b). The Bragg peaks
of the solid phases formed are identified at the right side in the sequence of
solidification. A zoomed area marked on the intensity map shows the intensity
evolution of selected reflections during the time interval when the metastable
phase exists.
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sites for Al3Ni. Moreover, since during the Al3Ni2+L→MS transformation
the volume fraction of the Al3Ni2 phase is reduced considerably, the follow-
ing Al3Ni2+L→Al3Ni reaction tends to be complete, so the reflections of
the Al3Ni2 phase disappeared from the diffraction pattern (Figure 5.11b).
Hence, the presence or absence of the metastable phase during solidification
would lead to different microstructures.
5.3.3 Identification of the metastable phase
A survey of characteristic nucleation temperatures of the metastable phase,
Tmsn , is given in Table 5.2. Despite the vast differences in liquidus tempera-
tures, Tl, of the four alloys studied, the nucleation of the metastable phase
proceeds within the narrow temperature interval 920−975 K, provided that
Al3Ni phase was not nucleated before. These critical temperatures were
reached mostly for the cycles with maximum primary melt undercooling,
∆Tmax1 . As an exception, in the Al80Ni20 alloy the T
ms
n were reached within
whole range of the primary melt undercooling, showing a clear decay with
increased ∆T1. This correlation, however, most probably results from the
impurity of the particular sample, which would equally affect both events.
Figure 5.12 represents characteristic diffraction patterns determined in
the time interval, where the metastable phase coexists with Al3Ni2 and
the residual melt, for the studied compositions. Apart from the Al3Ni2
reflections, the metastable phase in all alloys is represented by the three clear
Bragg peaks at virtually the same positions of the wave vectors Q = 1.66,
1.84 and 3.16 Å−1. The observed positions well correspond to the diffraction
peak parameters of the decagonal quasicrystalline phase reported for the
Table 5.2 – Summary of liquidus temperatures, maximum undercoolings and
nucleation temperatures of ms phase of four AlNi alloys.
Alloy composition Number of cycles Tl, K ∆Tmax1 , K T
ms
n , K
Al68.5Ni31.5 27 1604 320 975
Al75Ni25 18 1388 315 930 – 940
Al80Ni29 16 1255 230 925 – 955
Al82Ni18 13 1167 160 920 – 930
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Figure 5.12 – Diffraction spectra with metastable phase reflections observed
in levitated 18 – 31.5 at.% Ni samples in comparison with Al3Ni2 reflections
(bottom) and D-phase reflections (top) reported for Al75Ni25 splat quenched
samples [96] that are rescaled by a factor of 1.015 in the quasilattice constants
in order to account for thermal expansion. The reflections of the decagonal
D-phase are indexed with five indices according to Ref. [96].
Al75Ni25 alloy [96]. Note, that to account for the thermal expansion, the
quasilattice constants have been rescaled by a factor of 1.015, since the
reference data of the D-phase retained in splat quenching were measured
at ambient temperatures. Apart from the (00002) and (11001) reflections,
which cannot be resolved in the presence of Al3Ni2 reflections, the relative
intensity of the peaks resembles the reference data.
No signs of the metastable Al9Ni2 phase were observed even in 18 at.%
Ni samples with a composition close to its stoichiometry, probably due to
its small volume fraction.
5.4 Microstructure of undercooled samples
A typical microstructure of the undercooled Al68.5Ni31.5 samples subjected
to gas cooling with moderate cooling rates of about 20 K/s resembles that
of the as-cast material (Figure 5.13). Similarly, no signs of AlNi phase
are observed, although its formation at this undercooling is unambiguously
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Figure 5.13 – The SEM image in the back-scattered electron mode of the
microstructure of Al68.5Ni31.5 alloy undercooled to ∆T = 100 K (a), 155 K
(b), 255 K (c), and 300 K (d). Grey: Al3Ni2 phase, dark grey: Al3Ni phase,
black: Al3Ni+α(Al) eutectic.
Figure 5.14 – The SEM image in the back-scattered electron mode of the
microstructure of Al75Ni25, ∆T = 315 K (a) and Al82Ni18, ∆T = 155 K (b).
Grey: Al3Ni2 phase, dark grey: Al3Ni phase, black: Al3Ni+α(Al) eutectic.
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proved by in situ X-ray diffraction. The dendritic structure with increas-
ing undercooling is not preserved. The spherical grains of Al3Ni2 phase are
surrounded with a shell of Al3Ni phase, which is found in the form of hemi-
spherically shaped caps. This hints that the latter phase is formed with
multiple nucleation on the Al3Ni2 surface via peritectic Al3Ni2+L→Al3Ni
reaction. The reaction, possibly, runs fast until the interfaces between the
Al3Ni2, Al3Ni and the liquid phase are present, but by the time when Al3Ni
phase cover completely the surface of Al3Ni2 grains, peritectic transforma-
tion will require the element’s diffusion through the Al3Ni layer, consider-
ably slowing down the transformation. In the interdendritic regions, the fine
Al3Ni+α(Al) eutectic structure resolved on micrographs is formed from the
liquid, considerably enriched with aluminium (Figure 5.14). With increasing
undercooling the structural elements are evidently refined. The phase frac-
tions of the Al3Ni2 and α(Al) gradually reduce with corresponding growth
of the amount of the Al3Ni phase.
With decreasing nickel content in the alloys with 25 to 18 at.% Ni, the
volume fraction of Al3Ni2 phase expectedly decreases and the Al3Ni phase
fraction prevails, as it is illustrated in Figure 5.14.
5.5 Conclusions
In situ X-ray diffraction experiments on levitated aluminium alloys with
18–31.5 at.% Ni enable direct real-time observation of the non-equilibrium
solidification pathways, also valid for gas atomisation process. It has been
revealed that the Al68.5Ni31.5 alloy solidifies with the primary AlNi phase in a
wide range of melt undercoolings up to 320 K. Subsequently, the AlNi phase
undergoes a fast phase transformation to Al3Ni2 and, thus, is missing as a
constituent of the as-solidified microstructure. For alloys with 18–25 at.%
Ni the achieved undercooling did not alter the primary phase selection as
well. However, during further cooling of semi-solid samples the formation of
a metastable decagonal quasicrystalline phase was observed. Its nucleation
requires a critical undercooling of the residual melt below Tp2, the tem-
perature of peritectic formation of Al3Ni2 phase. The metastable D-phase
subsequently transforms and can only be retained at room temperature if
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cooled with sufficiently high rates.

Summary
This work studies stable and metastable solidification processes in two groups
of industrially relevant alloys, namely ternary Ti-Al-Nb and binary Al-Ni.
For this purpose the containerless processing by means of electromagnetic
levitation has been employed. The direct benefits of this method is preven-
tion of any contamination problems, otherwise unavoidable because of the
reaction with the container. At the same time absence, or substantial reduc-
tion of the heterogeneous nucleation sites leads to a deep melt undercooling,
allowing the direct study of its effect on the phase selection process and the
solidification kinetics.
The thermal history of the levitated sample was accessed by contactless
temperature measurements, while enhanced resolution of adjacent thermal
events was assured by the fast responding photodiode. The details of the
thermal data along with the microstructure of the samples solidified at given
undercooling provided a great deal of information about the liquid-solid and
solid-solid phase transformations. The complete analysis, however, was only
possible due to implementation of the time-resolved structural studies per-
formed in a specially designed electromagnetic levitator adapted for in situ
diffraction of high-energy X-rays at a synchrotron source (ESRF, Grenoble).
Within the scope of this work for the first time the method has been
applied to study high-temperature phase equilibria in the ternary Ti-Al-
Nb system. For the given alloy system it was possible to overcome the
segregation problem by exploring the extensive solute trapping obtained
during solidification from the undercooled melt.
Coupled with an accurate chemical analysis of alloy compositions this
method provided unambiguous information on the solid-liquid phase equi-
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libria for 15 distinct Ti-Al-Nb alloys. In particular, data of solidus and
liquidus surfaces are delivered together with the information on the nature
of reactions along the univariant lines. These experimental data have been
used for the re-assessment of the thermodynamic database of the ternary Ti-
Al-Nb system, providing a solid basis for alloy development and processing
of turbine blade materials.
Within the same experimental run the aspects of the non-equilibrium
solidification from an undercooled Ti-Al-Nb melt have been studied as well.
Similar to the binary Ti-Al system, the fast sampling rates were essential for
properly tracking recalescence in deeply undercooled samples. For this pur-
pose additional experiments with the high-time resolution photodiode have
been conducted. The investigated Ti-Al-Nb alloys of primary β solidification
type exhibit no change of the primary phase up to the highest undercool-
ing levels of ∆T ≈ 320 K. Moreover, it has been shown that primary β
solidification can be metastably extended into the α primary solidification
region, provided a critical undercooling is reached. These results are similar
to those reported for the Ti-Al.
The analysis of microstructure evolution with undercooling evidenced a
transition towards diffusionless solidification. In the β solidifying Ti46Al46Nb8
alloy complete solute trapping has been observed for melt undercooling be-
yond ∆Tc = 200− 250 K. It was surmised that this transition would also be
detected in the solidification kinetics. However, the dendrite growth veloc-
ity as function of undercooling, measured with a high-speed video camera,
illustrated the fact that transition to fully partitionless growth regime is
not necessarily supplemented by a sharp break in the kinetic curve. Con-
sequently, the experimental data on the undercooling dependence of the
growth velocity have been satisfactorily described with the dendrite growth
model that accounts solely the deviation from equilibrium at the interface.
However, although only minimal quantitative changes are introduced if the
local non-equilibrium is assumed also in the bulk liquid, it delivers much
more meaningful modelling results which include the microstrucltural ob-
servation of the transition to the pure thermal growth mode.
For the Al-Ni system in a composition range of 18–31.5 at.% Ni a detailed
analysis of the phase selection process during solidification from deeply un-
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dercooled melt has been performed. The results are expected to reflect the
main features of gas atomisation process of Raney-Ni precursor alloys for
catalysts used in the chemical industry. The alloys investigated are char-
acterised by large solidification intervals anticipating a possible change in
primary phases. The in situ structural measurements, however, disproved
this speculations. The group of alloys with nickel contents from 18 to
25 at.% exhibited the equilibrium Al3Ni2 primary phase solidification which
was not altered within the achieved interval of undercoolings. Similarly, in
the Al68.5Ni31.5 alloy, formation of the equilibrium intermetallic AlNi phase
has been observed up to ∆T > 320 K. The primary AlNi phase undergoes
complete transformation into the peritectic Al3Ni2 phase on the second so-
lidification step and thus, is absent in the as-solidified microstructure.
The formation of the metastable decagonal quasicrystalline phase at suf-
ficient undercooling (150–200 K) of the L+Al3Ni2 semisolid sample below
the equilibrium peritectic temperature of Al3Ni phase formation has been
observed for all alloy compositions studied. The presence of this phase was
confirmed for atomised powders. However, under given cooling conditions
of levitation experiment, the metastable phase was fully transformed into
the equilibrium Al3Ni phase. The applied method allowed to prove the crit-
ical role of the undercooling and to disclose the formation mechanism of the
quasicrystalline phase in Al-Ni system.

Appendix
To model dendritic growth in a ternary Ti46Al46Nb8 alloy previous valuable
theoretical advancements given for multicomponent alloys [101, 102, 103]
have been taken into account. The majority of the material parameters of
the Ti46Al46Nb8 alloy used in the present calculations of the dendrite growth
velocity have been measured within IMPRESS project [67] as summarised
in Table 5.3. In absence of any experimental and theoretical data for the
parameters µk0, εk and εc, they are treated as a fitted parameters. The
numeric coefficients σ0, a1, a2 have been considered as fitting parameters as
well, with their orientation values given within the asymptotic analysis [29].
The diffusion coefficient in the liquid is calculated according to
Dl(T ) =
kBTl
6πrη(T )
where kB is the Boltzmann’s constant, Tl is the liquidus temperature, r is the
ionic radius of specific element, and the Arrhenius temperature dependence
of viscosity is given by
η(T ) = η0 exp
∆Ea
kBT
with an activation energy ∆Ea = 6.919 · 104 J mole−1 and prefactor η0 =
6.934 · 10−5 Pa s [67]. The diffusive velocity at the solid-liquid interface
is calculated from VDI(T ) = Dl(T )/δi [38], with the interface thickness
δi = 4 · 10−10 m, which fairly corresponds to the value estimated for the bi-
nary Ti54Al46 alloy [9]. Furthermore, the bulk diffusion speed VD = 20 m s−1
is estimated from the experimental kinetic data at ∆T ∗ = 250 K. The
temperature dependence of the solid-liquid interfacial energy γsl is calcu-
lated according to Equation 1.12 with the structure factor αbcc = 0.63 [104],
and the entropy of fusion ∆Sf given by Equation 1.3. The molar volume
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is taken as Vm(T ) = M/ρ(T ), where the molar mass is calculated from
M =
∑
j=T i,Al,Nb xj ·mj (xj and mj are the fraction and the atomic mass
of jth element, respectively) and the temperature dependent density is mea-
sured in Ref. [67]:
ρ(T ) =
[
3.85− 4.75 · 10−4 ·K−1(T − Tl)
] ( g
cm3
)
.
Table 5.3 – Material parameters of Ti46Al46Nb8 alloy
Parameter Value and unit Reference
Equilibrium partition coefficient ke,Al 0.88 [64]
ke,Nb 1.2 [64]
Liquidus slope me,Al -8.65 K/at.% [64]
me,Nb -2 K/at.% [64]
Diffusion coefficient in liquid Dl,Al(Tl) 4.1 · 10−9 m2/s see discussion
Dl,Nb(Tl) 2.2 · 10−9 m2/s see discussion
Interface diffusion speed VDI,Al(Tl) 10.3 m/s see discussion
VDI,Nb(Tl) 5.3 m/s see discussion
Bulk diffusion speed VD 20 m/s see discussion
Thermal diffusivity in liquid al 4.9 · 10−6 m2/s [105]
Liquidus temperature Tl 1728 K [67]
Heat of fusion Hf 14230 J/mole [67]
Heat capacity in liquid cpl 43.5 J/mole/K [67]
Solid-liquid interfacial energy γsl(Tl) 0.216 J/m2 see discussion
Kinetic coefficient µk0 0.6 m/s/K fitting parameter
Kinetic anisotropy εk 0.1 fitting parameter
Surface energy anisotropy εc 0.012 fitting parameter
Constant for the anisotropy σ0 9 fitting parameter
a1 0.3 fitting parameter
a2 0.15 fitting parameter
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Dritter und ohne Benutzung anderer als der angegebenen Hilfsmittel ange-
fertigt habe; die aus fremden Quellen direkt oder indirekt übernommenen
Gedanken sind als solche kenntlich gemacht. Die Arbeit wurde bisher weder
im Inland noch im Ausland in gleicher oder ähnlicher Form einer anderen
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